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Abstract

ATOMISTIC SCALE INVESTIGATION OF THERMAL STABILITY, CLUSTER DY-
NAMICS AND MICROSTRUCTURAL EVOLUTION OF IMMISCIBLE CU-TA ALLOYS

Raj Kiran Koju, PhD

George Mason University, 2019

Dissertation Director: Dr. Yuri Mishin

Nanocrystalline immiscible Cu-Ta alloys produced by mechanical alloying emerged as

a new class of material for high temperature and high strength applications. The extraor-

dinary structural stability of this alloy is believed to be due to the effect of precipitated

Ta nanoclusters on thermodynamics and mobility of internal interfaces, primarily grain

boundaries (GBs). In order to better understand this effect, we studied the interaction

of Ta clusters with individual GBs driven by applied shear stress and capillary force. The

atomistic simulations provided strong evidence that the experimentally found extraordinary

grain size stabilization in Cu-Ta alloys is dominated by the kinetic factor associated with

the Zener pinning of GBs by Ta clusters. Also, the effect of solute drag at GBs in a random

solution is not as strong as cluster pinning. A moving GB in the random solution displays

a stop-and-go character of motion precipitating a set of Ta clusters due to short circuit Ta

diffusion in the GB core.

Moreover, atomistic simulations confirmed that small Ta clusters have FCC structure

and remain at least partially coherent with the Cu matrix. As the cluster size increases, it

becomes incoherent and emits misfit dislocations into the matrix. At higher temperatures,

the lattice misfit between the Ta clusters and the matrix decreases, promoting better



coherency. The core-shell Ta clusters observed in experiments can be explained with the

redistribution and the crystallization of Cu and Ta atoms in a Ta rich amorphous solution.

Simulated deformation and creep tests conducted under tension and compression have

shown that the Ta clusters effectively suppress the grain boundary mechanisms of plastic

deformation, such as sliding and grain rotation. The Ta clusters also inhibit deformation-

induced grain growth and suppress the operation of dislocation sources inside the grains

leading to high strength and structural stability. The strain rate sensitivity parameter of

Cu-Ta alloy exhibits a limited rate of strain hardening even when subjected to temperatures

as high as 80% of melting point (1327 K) where pure nanocrystalline Cu becomes unstable

and undergoes rapid grain growth. We observed that creep in Cu-Ta alloy is governed by

atomic diffusion with the stress exponent 3.78±0.44, while this value predicts dislocation

based creep mechanism in pure nanomaterials.
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Chapter 1: Introduction

Nanocrystalline pure metals are famous for their superior physical properties compared to

coarse-grained materials. Experiments and computer simulations have extensively demon-

strated and well established improved mechanical strength, electrical and magnetic prop-

erties, corrosion, and wear resistance in nanocrystalline materials [1–11]. However, their

applications at higher temperatures are fundamentally limited because of their lack of struc-

tural stability and coarsening process even at lower temperatures. This has been attributed

to the generation of a large density of grain boundaries (GBs) with a continual reduction in

grain size, which enhances excess free energy responsible for driving GB migration. In prac-

tice, grain stabilization is achieved through the addition of impurities on pure metals. The

added impurities bring grain stabilization either by reducing the GB free energy through

solute segregation across the GBs [12–16] or by reducing the GB mobility through solute

drag [17–21] or Zener pinning mechanism [22–24] due to precipitated solute second phase.

While the approach involving the reduction of GB energy is called thermodynamic stabi-

lization, the process involving the reduction of GB mobility is called kinetic stabilization.

Several alloys with exceptional structural stability or metastability at high temperatures

have been discovered experimentally [14, 25–28] using these approaches, although in many

cases, it is not always possible to fully separate the contributions of these two competing

stabilization mechanisms.

Recently synthesized immiscible Cu-Ta alloys demonstrated extraordinary stability with

enhanced mechanical strength and extreme creep resistance at high temperatures [29–35].

Although Cu and Ta exhibit negligible mutual solubility in the solid-state phase diagram,

high-energy mechanical alloying drives a significant amount of Ta into a metastable FCC

solid solution with Cu forming Cu-Ta alloys [29,30]. However, due to the lack of mutual sol-

ubility, Ta atoms precipitate predominantly along the GBs and triple junctions in the form
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of nanometer-scale coherent clusters separated by large areas of pure Cu boundaries instead

of distributing uniformly as explained by the classical segregation model. These clusters

impose a strong resistance to the GB migration and eventually prevent grain growth by the

Zener pinning mechanism [32]. As the Ta clusters occupy only a small fraction of the GB

area, substantial reduction of the GB energy as expected by the thermodynamic stabiliza-

tion model is limited. Thus, Cu-Ta alloys serve as a perfect system for understanding kinetic

grain stabilization phenomena, and a firm understanding of physical mechanism governing

within it may provide essential knowledge to design other metallic alloys for structural appli-

cations at high temperatures. Hence, the dissertation was carried out on Cu-Ta alloys using

atomistic computer simulations to understand the physical phenomena leading to unique

properties such as thermal stability, high mechanical strength, small strain-rate sensitivity

index, and excellent creep resistance.

With a high fidelity interatomic potential, atomistic simulations can accurately explain

the physical theory and predict experimental results generating data that are hard to mea-

sure experimentally. New potential having high accuracy and reliability has been developed

recently by Purja-Pun et al. [32] for describing the interatomic interactions of Cu-Ta sys-

tem using angular dependent potential (ADP) formalism [36]. This potential was fitted to a

large number of experimental properties and the results of first-principle calculations. The

availability of this new realistic potential has motivated us to perform large scale atomistic

simulations to investigate the kinetic and mechanical properties of Cu-Ta alloys.

Previous atomistic simulations [29,32] have confirmed the formation of nanometer-scale

Ta clusters inside the nanograins and especially at GBs, with their size distribution being

consistent with experimental data obtained by atom probe tomography [33, 34]. Impor-

tantly, both simulations and experiments have shown that adding more Ta into the alloy

only increases the number density of clusters with little effect on their size distribution,

and these clusters drastically reduce grain growth rate. These simulations were performed

on polycrystalline samples and probed a typical behavior of a polycrystalline aggregate.

Since a polycrystal is made up of grains having random orientations, the GBs are of mixed
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type and are affected by multi junctions. As different sections of the boundaries experience

varying amounts of driving forces, the interaction of GB with solutes becomes much more

complicated to characterize comprehensively. Thus, part of the dissertation is focused on

atomistic simulations of an individual GB with particular crystallography to understand

the GB-cluster interactions in detail. Of the several driving forces that could be imple-

mented in molecular dynamics (MD) simulations for GB motion, shear coupled [37] and

capillary driven [38] GB migration are implemented for studying GB-cluster interactions.

With these simulations, we will reveal quantitatively that the outstanding thermal stability

of the Cu-Ta alloys is primarily due to the kinetic factor, namely, the Zener pinning by Ta

clusters.

Experimental observations have also revealed the presence of Ta clusters with varying

sizes ranging from atomic clusters to much larger nanometer-scale Ta precipitates and phases

coherent (FCC) or incoherent (BCC) to Cu crystal lattice [35, 39]. These clusters were

observed to emit enormous dislocation activities in the Cu matrix. As the high strength

and stability at elevated temperatures are influenced not only by the retention of the grain

size but also by the accumulation of dislocations within the grain interior, it is essential

to investigate the stability of Ta phases, interface behavior and microstructural evolution

under intense heating. Hence, the dissertation conducted a systematic molecular dynamics

(MD) study of Ta phases embedding different sizes of Ta nanoclusters in the Cu matrix and

explained the microstructural manifestation observed in experiments.

Nanoclusters are composed primarily of Ta, defects, or random alloy. Some of these

clusters are observed to have a core-shell type structure with Cu atoms embedded as core

and Ta as shell [39]. Core-shell type nanoclusters have recently been attributed to the

excellent strength and ductility of molybdenum alloys [40] and steels [41]. The dissertation

explored the formation mechanism of core/shell Ta structure in Cu-Ta alloys using Monte

Carlo (MC), molecular dynamics (MD), accelerated molecular dynamics (AMD), and hybrid

MD simulations. The formation mechanism of core/shell structure can be explained by a

redistribution of Ta atoms aided by Cu diffusion and crystallization achieved through the
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coarsening of redistributed neighboring atoms in the amorphous Cu-Ta solution as.

Nanocrystalline materials usually display extreme superplastic behavior with a higher

strain rate sensitivity (SRS) index (>0.3) when subjected to elevated temperatures or high

strain rates. With the presence of Ta clusters in Cu-Ta alloys, investigation of their de-

formation mechanism at higher temperatures is of vital concern to see whether there is

any strain hardening and elevated SRS behavior. Thus, the compression simulations were

performed over a broader range of deformation rates (106 -1010 s−1) at two different tem-

peratures, 300 K and 1000 K respectively, to understand the flow stress of the material.

With systematic simulations, we will show that the extreme SRS behavior in Cu-Ta alloys is

unattainable, and the mechanism driving this unexpected trend is related to the reduction

of grain boundary sliding and rotation through GB-Ta clusters interaction.

In general, the mechanical behavior of material changes with time and exhibits creep

phenomena when exposed longer time to the stress lower than the yield stress at higher

homologous temperatures. However, Cu-Ta alloy is a creep resistant material with creep

rates [39] comparable to Ni-based single crystal superalloys (10−8 s−1) [42] lying at the

forefront in superior tensile creep behavior. The dissertation sheds light on the mechanism

of creep resistance and explains the role of Ta clusters in the microstructural evolution of

grain and interfaces.

The outline of the dissertation is as follows. Chapter 2 describes fundamental physics,

background information, and methodology used in this work. In chapters 3 to 8, the simula-

tion results are discussed and compared with experimental observations. Finally, a summary

of different projects is presented in chapter 9.
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Chapter 2: Theoretical background

2.1 Cu-Ta alloys

Cu-Ta alloys are an immiscible system of Cu and Ta elements lacking mutual solubility in

the equilibrium solid-state phase diagram [43]. These constituent elements have different

crystalline structures as Cu-FCC and Ta-BCC with significantly different melting temper-

atures viz; 1356 and 3290 K, respectively [44]. Although the Cu-Ta system does not form

any compounds for all possible composition range, several processing techniques such as

mechanical alloying, sputtering, vapor deposition, and powder technologies could produce

Cu-Ta alloys forcing Ta atoms into FCC Cu lattice forming metastable FCC solid solution

[29,30].

A metastable Cu-rich solid solution can accommodate up to 10-20at.%Ta with higher

concentrations causing amorphization [45–49]. During the subsequent thermal processing,

Ta atoms precipitate from the solution in the form of nanometer-scale coherent FCC clusters.

Even though some of these clusters eventually lose coherency with Cu and grow into larger

particles of BCC Ta, an array of coherent Ta nanoclusters helps in attaining excellent

thermal stability of the mechanically alloyed Cu-Ta alloys than Cu based alloys [33,34,50].

These clusters impose a strong resistance to GB migration and eventually pin GBs in place

by the Zener mechanism [32]. No structural changes were experimentally observed in Cu-Ta

alloys with 2-20 nm Ta particles and 200 nm Cu grains when annealed for 10 hours at 1173

K [51].

In addition to the Hall-Petch mechanism of GB hardening [52–54], the clusters located

at the GBs increase their resistance to dislocation transmission and GB sliding. The clusters

located inside the grain also contribute mechanical strength by restraining dislocation glide

and twinning. For example, a Cu-Ta alloy with a grain size of around 100-200 nm is stronger
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than pure Cu with a grain size of about 5 nm, leading to a more favorable combination

of strength and ductility [34]. Thus, Cu-Ta alloys present significant technological and

scientific interest for high-temperature, high-strength structural applications.

Some of the superior experimentally measured properties of Cu-Ta alloys are 0.6-1.1

Gpa yield strength, 10-25% elongation, 1.8-5.0 Gpa hardness, 40-70 (%ICAS), and 150-280

(W/mK) thermal conductivity [55]. The other excellent properties of Cu-Ta alloys are

high corrosion and wear resistance, higher spall strength, lack of superplastic behavior, low

strain-rate sensitivity, and superior creep resistance [56–59]. Multilayer Cu/Ta system is

also used in semiconductor devices to improve the service performance of interconnects in

large scale integrated circuits [60,61].

Few semi-empirical potentials describing the interatomic interactions of the Cu-Ta sys-

tem are available for running atomistic simulations [32, 62–64]. These potentials were de-

veloped using a different fitting procedure such as Finnis-Sinclair (FS), embedded-atom

(EAM), and angular-dependent potential (ADP) method [36,65,66]. As the ADP potential

format is believed to more appropriate for BCC transition metals, we used recently devel-

oped ADP potential [32] fitted to a large number of experimental properties and the results

of first-principle calculations. The ADP potential is a generalization of EAM potential with

additional bonding vectors.

2.2 Grain boundary (GB)

GB is an interface between differently oriented crystallites of the same material (Fig. 2.1a).

It plays a vital role in the physical behavior of polycrystalline materials due to the excess free

energy associated with the distortion of crystal structure across the boundary [67,68]. Many

aspects of materials properties and performance, such as yield strength, creep, fracture, and

corrosion, are directly affected by GB properties, and their mobility controls microstructural

evolution such as recrystallization [69,70], grain growth [71] and plastic deformation [72,73].

Precipitations of second phases at GB are also influenced by their energy, structure, and

6



distribution [74].

GB is defined by five macroscopic parameters, of which 3 are rotation parameters that

describe the lattice orientation of two adjacent grains, and 2 are unit vectors that define

the spatial orientation of the boundary plane [75]. It is also specified in terms of the rota-

tion axis common for both adjoining grains and a rotation angle known as a misorientation

angle, which brings both grains in perfect matching. GBs are called tilt (Fig. 2.1b) or twist

boundaries (Fig. 2.1c) depending on whether the rotation axis (uvw) is perpendicular or

parallel to the GB normal (n̂) and mixed boundaries when the interface does not fit any of

these relationships. While tilt boundaries consist only edge dislocations, twist boundaries

are made up entirely of screw dislocations. For tilt boundaries, if the mirror symmetry is

satisfied between two adjacent grains across the boundary plane, it is called symmetrical

tilt boundary, while all other configurations are called asymmetrical tilt boundaries. When

the misorientation between two grains is relatively small (<150), a grain boundary is de-

scribed by a discrete array of dislocation structures and is called a low-angle grain boundary

(LAGB). GBs having high misorientation are called a high-angle grain boundary (HAGB)

and posses complicated structure. The structure of GB is described by coincidence site lat-

tice (CSL) or displacement shift complete (DSC) lattice construction in both neighboring

crystallites.

Figure 2.1: Schematic showing (a) grain boundaries and two common classes of grain bound-
aries (b) a tilt grain boundary (c) a twist grain boundary.
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Theoretically, the energy of LAGB is described by Read and Shockley dislocation model

[76], which estimates the energy based on the dislocation density and core energy of dis-

locations, and models employing thermodynamic considerations of an interface such as

Herring equation [77] based upon the dihedral angles formed by the grain boundaries junc-

tions. Computationally, GB energy is determined by first-principles density functional

theory (DFT) calculations, Monte Carlo (MC) [78], molecular dynamics (MD) [79,80], and

phase-field simulations [81]. Atomistic simulations have provided crucial insights into the

GB structure [37,82], energies [37,83,84], mobilities [85–90], and mechanisms of GB migra-

tion [37]. The ground-state structure of the GB is determined by static minimization of the

total potential energy to local atomic displacements and relative translations of one grain

on another neighboring grain [82,91].

2.3 GB motion

GB undergoes motion at elevated temperature or by application of external loading or

stress. The motion accompanied by deformation of its structural units may be normal

motion in which the GB moves in its normal direction, coupled motion where the grain

translates parallel to the GB plane moving the GB in normal motion, sliding where one

grain translates on another across the GB or rotation [92].

Coupled motion is usually caused by applied shear stress. For plane GB, applied shear

stress translates grain parallel to the GB plane and moves the GB in normal direction. The

motion is characterized by a coupling factor β defined as the ratio of the tangential grain

translation velocity v‖ to the normal GB velocity vn i.e., β=v‖/vn. In symmetrical tilt [100]

GBs, there are two coupling modes with ideal coupling factors defined by

β<100> = 2tan
(θ

2

)
β<110> = −2tan

(π
4
− θ

2

) (2.1)
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where θ is the misorientation angle [37]. MD simulations have demonstrated that GBs with

θ closer to 00 couple in <100> and those having closer to 900 couple in <110> mode. The

transition from one mode to another occurs around tilt angle 360, and GBs with θ close

to 360 display dual behavior spontaneously switching between two modes. The coupling

depends strongly on the tilt angle and the deformation mode, however at high temperatures,

the coupling is gradually replaced by sliding for large misorientation angle [37]. Shear

stress applied along a curved GB also undergoes coupled motion but accompanied by grain

rotation. For the stress-driven motion, the drag pressure is defined by

P = βτ (2.2)

where τ is the average shear stress required for sustaining a constant GB velocity [92–94].

At higher temperatures, substantial grain growth or loss takes place through boundary

migration to reduce excess free energy by reducing the total area of the grain boundary.

The driving force for grain growth is capillary nature and depends on the excess free energy

of GBs. For a circular GB, the driving force is by

P =
γ

r
(2.3)

where γ is the excess energy associated with GB and r is the radius of curvature [93]. The

boundary undergoes grain shrinkage coupled with inner grain rotation and the misorienta-

tion angle increases or decreases towards 360.

2.4 Grain stabilization

The velocity of grain growth may be expressed through a linear relationship

V = M.P (2.4)
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where M is the GB mobility, and P∝γ is the driving force. This relation makes evident that

reduction in the GB mobility or/and driving force helps in attaining grain stabilization by

decreasing the grain growth. In practice, grain stabilization is achieved through the addition

of impurities on pure metals.

There are two ways in which grain stabilization is achieved. The first is the thermody-

namic approach in which the driving force for grain growth is lowered by reducing excess

free energy through solute segregation across the GBs. Starting from the Gibbs adsorption

equation, Weissmüller [95] noted that the GB energy (γ) on solute segregation could be

expressed as

γ =
dG

dA
= γ0 − Γ(∆Hseg −KTlog[x]) (2.5)

where γ0 is the initial grain boundary energy of pure matrix, ∆Hseg is the enthalpy change

for a particular solute concentration X at temperature T, dG is the total free energy change

of the system when the GB area changes by dA through solute segregation. Therefore, when

solute segregation results in γ=0, grain growth is firmly prevented with dG=0. However,

in real practice, there exists a minimum as opposed to a maximum in the GB free energy

with solute segregation, and hence, a metastable equilibrium state can be achieved to the

grain-size stabilization. Several theories have also been proposed to evaluate segregation

enthalpy correlating with elastic strain, chemical interaction, surface or interfacial energy

and to reduce excess GB energy to zero at different grain sizes and temperatures; for example

Mclean, BET, Fowler-Guggenheim, Guttmann [96], Wynblatt and Ku [97], Darling et al.

[26] and Murdoch and Schuh [68]. This approach has been successful in achieving thermal

stability in some systems such as Fe-Al [25], Fe-Zr [26], Cu-Zr [27], W-Ti [98], and Cu-W[28].

The second is the kinetic approach in which the GB mobility is reduced by solute drag

[17–21] or Zener pinning [22–24] by small precipitates of the second phase. According to

the Zener pinning model, pinning pressure resisting the GB motion is exerted by the solute

while interacting with the boundary. The dragging force exerted by a spherical particle of
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radius R is

f = 2πRγsinθcosθ = πRγsin2θ (2.6)

where θ is the contact angle [24]. This force reaches maximum value fmax=πRγ at θ=450.

For the GB having an area A and interacting with N obstacles, the maximum pinning

pressure is then given by

P =
πRγN

A
(2.7)

Thus, the GB motion is inhibited when the driving pressure causing grain growth is coun-

terbalanced by the pinning pressure exerted by the solute.

2.5 Deformation

Deformation is a change in volume or shape of material under external loading or applied

stress. When the applied stress displaces atoms into new equilibrium positions from their

original positions, change in shape is unrecoverable and refereed as inelastic deformation.

The inelastic deformation is termed time-independent plastic deformation when the applied

stress is greater than or equal to the yield stress of the material and time-dependent creep

when exposed longer time to the stress lower than the yield stress at high homologous

temperature.

Plastic deformation in pure metals and alloys usually occurs through slip and twinning

mechanisms [99]. Slip is the sliding of planes of atoms over one another through the gen-

eration of a linear defect called dislocation. It occurs along specific crystallographic planes

called slip planes, and directions called slip directions. The slip planes and directions are

characteristic of the crystal structure of materials and take place on the plane having a

densest pack of atoms in the close-packed directions. In FCC metals, slip occurs on the

{111} planes in the <110> directions whereas in BCC metals, the slip planes are {110},

{112} or {123} with slip directions <111> [100]. Similarly, slip occurs in the HCP metals
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on the basal (0001) plane in the <112̄0> directions. The amount of slip during the de-

formation is defined by the Burgers vector, which can be determined by making a closed

circuit around the dislocation.

Dislocations generated during slip can be edge, screw, and mixed types. When the

Burgers vector is perpendicular, parallel, or randomly oriented to the dislocation line, the

corresponding dislocation is edge, screw, or mixed dislocation. While the edge dislocation

causes axial distortion in the crystal lattice, the screw dislocation causes lattice rotation

through the helical path. Dislocations may also dissociate into two Shockley partials, leading

and trailing separated by the stacking fault. The stacking fault gets expanded as the leading

partial propagates forward and gets removed at the instant trailing partial moves ahead

following the leading partial. Frank’s rule describes the splitting of dislocation into partial

dislocation.

The sources of dislocations are Frank-Read sources, GBs, or interfaces [101]. Disloca-

tions nucleated or emitted from these sources propagate freely across the grain and are

absorbed by other GBs leaving traces of dislocation slip within the grain. GBs also inhibit

dislocation transmission into another grain, causing dislocation pile up within the grain.

This GB hindrance leads to the fact that the strength of the material increases with more

grain boundaries. The resulting phenomenon is called the Hall-Petch effect [53] that defines

an increase in yield strength with a decrease in grain size through the relation

σy = σ0 + kd−1/2 (2.8)

where σy is the yield stress, σ0 is a material constant, k is a strengthening coefficient and

d is the grain size. The Hall-Petch effect holds up to an experimental observation limit of

10 nm [2] grain size beyond which there arises inverse Hall-Petch behavior due to change

in deformation mechanisms from dislocation glide and pile up processes to grain boundary

rotation, sliding and viscous flow.

Deformation mechanisms in nanocrystalline materials (grain diameter <100 nm) are
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mainly related to GBs activities with Frank-Read sources being prevented. The GBs activi-

ties involve dislocation emission and absorption, GB sliding, rotation, and migration. These

activities depend on the grain boundary misorientation angle, strain energy density, and

localization of stress state within the grain. Emission of dislocation promotes GB migration

with rotation and facilitates grain growth or loss during deformation. GB sliding becomes

prominent when dislocation emission is reduced, or dislocation pile up within the grain is

limited by the grain size.

Twinning is another mechanism of deformation. In twinning, a group of atoms or

a region of crystal lattice moves simultaneously parallel to the plane called twin plane

and arranges in a mirror image of one another across it. In FCC, the twin plane is twist

boundary when the misorientation angle between two grains is 600 with rotation axis <111>

and tilt boundary when the misorientation angle between two grains is 70.530 with rotation

axis <110>. Twinning occurs more quickly than slip and is more common in high-stress

situations and few slip systems such as low symmetry crystals.

Creep deformation is broadly divided into two types of mechanisms called diffusion creep

and dislocation creep [102]. Diffusion creep involves the movement of atoms by diffusion.

Based on the diffusion path, diffusion creep is called Coble creep when it occurs occur

predominantly through the GBs and Nabarro-Herring creep when it occurs predominantly

through the grains themselves. Dislocation creep is a mechanism involving the motion of

dislocations. Dislocations can move by gliding in a slip plane or by climb process via atomic

movement or self-diffusion within the lattice. The amount of creep deformation with the

movement of dislocations and diffusion of atoms can be expressed through the general creep

equation

ε̇ = Cσnexp(−Q/kT ) (2.9)

where C is a constant, n is also a constant termed as stress exponent, Q is the activation

energy (equal to the self-diffusion) of creep, σ is the applied stress, and kT has its usual

meaning. In pure nanocrystalline material, the value of n infers the creep mechanism

operating on it. The value of n is approximately 1 for diffusion creep and in the range 3-8
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for dislocation creep.

2.6 Atomistic simulation methods

Atomistic simulation serves as a powerful tool for getting insights into the atomic events.

It can accurately explain the physical theory and make an exact prediction of experimental

measurements generating data that are difficult to measure experimentally. The approach in

simulation methods may be quantum mechanical (QM) methods such as density functional

theory (DFT) and quantum chemical calculations or classical methods such as molecu-

lar dynamics (MD) and Monte Carlo (MC) simulations. The advantage of QM methods

over classical methods is that it gives highly accurate results with a precise assumption

of atomic events, but it is computationally slow and handles only small system size. The

classical methods are most efficient for the investigation of physical phenomena, which are

inaccessible through QM simulation methods such as phase transformations, diffusion, mi-

crostructure evolution, plastic deformation, and fracture. This dissertation deals exclusively

with classical MC and MD methods to understand grain stability, dislocation nucleation,

mechanical strength and microstructure evolution of Cu-Ta alloys under heating and defor-

mation.

The choice between two classical methods depends on the physical event under inves-

tigation. While MD simulation models static and dynamical behavior of the system with

time-dependent response, MC simulation models system using random sampling and prob-

ability statistics. MC simulations cannot be used in situations that require a definition of

time. Such examples include the determination of transport properties such as diffusion and

viscosity coefficients. Although MC lacks an objective definition of time, it attains system

equilibrium much faster than MD by sampling all configurational space where the atoms

may be trapped in MD simulation, such as large energy barrier leading poor conformational

sampling. Moreover, MC can only be used for simulations involving the addition and re-

moval of atoms (Grand Canonical) and switching chemical species in a multi-component

system.
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In MD simulation, atomic movements are governed by classical equations of motion. It

consists of step by step numerical solution of Newton’s equation of motion

mir̈i = −∂U
∂ri

+ fext (2.10)

where U is an interatomic potential, fext is an external force, mi and ri are mass and

position of the ith atom. Trajectories of atoms are predicted from the current positions

and velocities using different time integration algorithm such as velocity Verlet, Leapfrog,

Beeman algorithms. Several software packages are available for carrying out MD simu-

lations. However, this dissertation employs the molecular dynamics package LAMMPS

(Large-scale Atomic/Molecular Massively Parallel Simulator) developed at Sandia National

Lab. In LAMMS, atoms are treated as particles confined to a box of volume V and modeled

through statistical ensembles such as NVE, NPT, NVT. While temperature is calculated

from atoms velocities, pressure is determined from the volume of the simulation cell using

statistical mechanics.

In MC simulation, an atom is randomly selected, and a trial move is executed by dis-

placing it in a random direction by a small random displacement. The energy change ∆E

associated with this move is then calculated, and the trial move is accepted or rejected with

the following metropolis scheme:

1. If ∆E < 0, accept the move unconditionally.

2. If ∆E > 0

(a) compute p= exp(-∆E/kt)

(b) generate a random number r∈ [0,1)

(c) if r ≤p, accept the move; otherwise reject it

The process is repeated until the system approach equilibrium in which all parameters

randomly fluctuate around their average values. To generate nanocrystalline alloys having
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the desired concentration of binary elements, semi-grand canonical Monte Carlo simulation

is performed at the fixed chemical potential difference. In this method, the trail moves

also include chemical switching from one atom type to another, keeping the total number

of atoms fixed in the system. Also, it includes random changes in the dimensions of the

simulation block with respective rescaling of atomic coordinates. The trial move is accepted

with the probability

P =


1, ∆Φ ≤ 0.

exp(−∆Φ/kt), ∆Φ > 0.

(2.11)

where

∆Φ = ∆E + ∆µαβ +
3

2
kT ln

mα

mβ
(2.12)

Here, ∆E is the total energy change in the trail move, k is the Boltzmann constant, α

and β are the new and old chemical species of the tested atom, and mα and mβ are the

respective masses. In this approach, the chemical composition of the system is determined as

a result of equilibration with the fixed potential difference µαβ=µα-µβ. A better approach to

achieve nanocrystalline alloy having desired chemical composition is composition controlled

Metropolis scheme, where the chemical potential difference is adjusted through a feedback

loop to achieve that composition.

µ(i)α = µ(i−1)α − a

(
c
(i−1)
α − c(i−2)α

2
− c(0)α

)
(2.13)

where index i labels Monte Carlo steps, µα and cα represents the current chemical poten-

tial and composition values of element α, and a is an adjustable parameter that affects

computational efficiency but not the result of the simulation. This approach is much faster

and efficient than semi-grand canonical MC simulations and doesn’t require the knowledge

of chemical potential difference. When the system reaches equilibrium, both the chemical
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composition and the chemical potential fluctuate around equilibrium values. This disserta-

tion utilizes composition controlled Metropolis scheme for generating various compositions

of Cu-Ta alloys.

2.7 Grain orientation

Atomistic simulations are performed to understand and observe structural evolution in the

system. There are many physical events involving structural evolution, such as precipitate

formation, film deposition, mechanically driven grain growth, phase transformation, strain-

induced deformation, severe plastic deformation. As the system undergoes microstructural

evolution, it is essential to track and observe individual grains. Grains can be identified

through the determination of the orientation matrix of each atom from the orientation

vectors of neighboring atoms. Orientation matrix (g) describes the orientation of the sample

coordinate system (Cs) with respect to the orientation of the crystal coordinate system (Cc)

having unit vectors <100> as axes through the relation Cc=gCs (Fig fig:orientation).

This dissertation has developed a parallel MPI code for the analysis of crystallographic

orientations in nanocrystalline materials. This code is very efficient in handling large system

size and can be used for identifying the crystallographic orientation of new grains nucleated

in the simulation and their relationship with old grains. This code requires pre-processing

of data first with OVITO to identify bond angle analysis and centrosymmetry parameter

(CSP) of each atom. Interface atoms are then identified and avoided from orientation

calculation using the bond angle parameter and a cutoff in the centrosymmetry parameter.

The orientation of remaining inner FCC crystalline atoms is calculated with the align-

ment of a direction vector of its 12 nearest neighbors [103]. For any directional vector, there

exist four other directional vectors making approximately an angle of 60 degrees and residing

in two separate {100} planes. Of these four-vectors, the resultant vector of a pair of vectors

which are perpendicular to each other gives two <100> directions, and their cross product

gives third <100> direction. This calculated orientation represents the <100> orientation

in the sample coordinate system. Inversion of the matrix formed by arranging components
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of <100> directions in the column elements gives the orientation matrix through the rela-

tion g=CcCs
−1=Cs

−1 as Cc=I is an identity matrix in the crystal coordinate system. In

other words, the orientation matrix is the matrix with row elements denoting the resolved

components of a sample orthogonal basis.

As there are 24 rotational symmetries in FCC crystal, there exist 24 mathematically

distinct but physically indistinguishable orientation matrix. Thus, the orientation matrix

is uniquely defined by obtaining solutions through premultiplication of orientation matrix

with 24 symmetry operators and finding the one with minimum angle of rotation. The

trace of the premultiplied orientation matrix gives the angle of rotation through the relation

θ=cos−1
(
trace−1

2

)
. Miller indices of any arbitrary crystal are determined by multiplying the

column elements of the minimum angle premultiplied orientation matrix with a suitable

factor to convert it into whole number and dividing by their lowest common factor. The

first, second, and third columns then represent the miller indices along x, y, and z directions

of the simulation block. Changes in the lattice orientation of the grain from one crystal frame

(gA) to another crystal frame (gB) can be determined from the misorientation matrix (gAB)

that defines transformation between two crystal frame through the relation gB=gAB×gA.

The rotation angle and rotation axis of the minimum angle misorientation matrix (gAB)

defines the transformation two crystal frame.

Figure 2.2: Schematic showing (a) transformation of grain relative to crystal coordinate
system (b) transformation from one grain to another grain.
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Chapter 3: Zener pinning of grain boundaries and structural

stability of immiscible alloys

3.1 Introduction

Nanocrystalline alloys have attracted much attention over the past decades due to their

high mechanical strength, corrosion and wear resistance, and other useful properties. These

properties are primarily due to the presence of a large density of grain boundaries (GBs) in

the material. In particular, the strengthening effect is caused by the difficulty of dislocation

nucleation and glide inside the nano-grains and slip transmission across GBs. One of the

obstacles to wider applications of nanocrystalline alloys is the tendency of nano-grains to

grow at elevated temperatures (in some cases, even at room temperature). Due to the large

specific area of GBs, their excess free energy creates a strong driving force for grain growth,

causing deterioration of superior properties. Several approaches have been proposed for

the stabilization of nano-grain structures. They can be broadly divided into two types:

thermodynamic stabilization by reducing the GB free energy by solute segregation [12–16],

and kinetic stabilization wherein the GB mobility is reduced by the solute drag effect [17–20]

or Zener pinning by small precipitates of a second phase [22–24].

Cu-Ta nanocrystalline alloys have recently emerged as a promising class of materials for

high-temperature, high-strength applications [16,29–31,33,34]. They belong to the category

of immiscible alloys that combine high mechanical strength with extraordinary structural

stability at high temperatures [5,12,16,29–31,33,34,50,104–106]. Although Cu and Ta have

negligible mutual solubility in the solid-state, high-energy mechanical alloying can force a

significant amount of Ta into unstable FCC solid solution with Cu. During the subsequent

thermal processing, Ta atoms precipitate from the solution in the form of nanometer-scale

coherent clusters [30]. Although some of these clusters eventually lose coherency with Cu
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and grow into larger particles of BCC Ta, it is the array of coherent Ta nanoclusters that are

believed to be responsible for the excellent thermal stability and strength of the mechanically

alloyed Cu-Ta alloys [32–34]. The clusters impose a strong resistance to GB migration and

eventually pin GBs in place by the Zener mechanism [22–24]. In addition to the Hall-Petch

mechanism of GB hardening [52,54], the clusters located at the GBs increase their resistance

to dislocation transmission and GB sliding. The clusters located inside the grains can also

contribute to the strengthening by restraining dislocations glide and twinning. As a result,

a Cu-Ta alloy with a grain size of around 100-200 nm is stronger than pure Cu with a grain

size of about 5 nm, leading to a more favorable combination of strength and ductility [34].

Previous atomistic simulations [29,32] have confirmed the formation of nanometer-scale

Ta precipitates (clusters) inside the nano-grains and especially at GBs, with their size

distribution being consistent with experimental data obtained by atom probe tomography

[33, 34]. Importantly, both simulations and experiments have shown that adding more Ta

into the alloy only increases the number density of the clusters with little effect on their

size. The simulations have also confirmed that the Ta clusters drastically reduce the grain

growth rate in agreement with experiments and significantly increase the tensile strength

of the material.

The previous simulation work [29, 32] was performed on polycrystalline samples and

probed an average behavior of a polycrystalline aggregate. In this paper, we report on

atomistic simulations of an individual GB with a particular bicrystallography. The goal is

to understand the GB-cluster interactions in greater detail and demonstrate quantitatively

that such interactions are well-consistent with the Zener model of GB pinning. This agree-

ment provides strong evidence that the outstanding thermal stability of the Cu-Ta alloys is

primarily due to the kinetic factor, namely, the Zener pinning by Ta clusters.
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3.2 Methodology

Atomic interactions were described by the recently developed angular-dependent inter-

atomic potential for the Cu-Ta system [32]. The simulations combined molecular dynamics

(MD) employing the LAMMPS code [107] and Monte Carlo simulations implemented in

the parallel MC code developed by V.Yamakov (NASA). A prescribed amount of Ta was

introduced into Cu by the composition-controlled MC algorithm utilized in our previous

work [91,108]. This algorithm brings the system to thermodynamic equilibrium at a given

temperature, given average chemical composition, and imposed zero-stress conditions. A

trial move of the MC process included a small random displacement of a randomly selected

atom in a random direction and a random re-assignment of its chemical species to either

Cu or Ta. The trial moves also included random changes in the dimensions of the simula-

tion block with respective rescaling of atomic coordinates. The trial move was accepted or

rejected by the Metropolis algorithm. In single-crystalline samples, the Ta atoms inserted

by the MC simulation always appeared in the form of randomly distributed nanoclusters

with FCC structure coherent with the Cu-matrix. In the presence of a GB, the clusters had

approximately the same size but formed predominantly at the GB. Thermodynamically,

the nanocluster form of Ta is metastable in both MC simulations and experiments. The

nearly constant cluster size is apparently dictated by a local energy minimum optimizing

the solubility energy, elastic strain energy (Cu and Ta have a large atomic size mismatch),

and the surface tension, somewhat similar to Guinier−Preston zones in Al(Cu) alloys. The

extraordinary thermal stability of this metastable state suggests the existence of a large

energy barrier separating it from the more stable structure composed of large particles of

BCC Ta. For comparison, we modeled the unstable solid solution obtained by mechanical

alloying. The latter was obtained by randomly substituting Cu atoms by Ta to create a

uniform mixture with a set chemical composition.

The boundary studied here was the Σ17(530)[001] symmetrical tilt GB with the misori-

entation angle of θ=61.93 (Σ being the reciprocal density of coincident sites, [001] the tilt
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Figure 3.1: Symmetrical tilt GB Σ17(530)[001]. GB structure is composed of kite-shaped
structural units. Z-axis is normal to the GB plane (x-y plane) with the x-direction oriented
along the [001] tilt axis.

axis and (530) the GB plane). The GB structure consists of identical kite-shape structural

units arranged in a zigzag array, as shown in Fig. 3.1. The grains had an approximately

square cross-section parallel to the GB plane and were longer in the z-direction normal to the

GB plane. The boundary conditions were initially periodic in all three directions. Two sim-

ulation blocks were utilized: a smaller one with the approximate dimensions 6.3×6.3×84.4

nm (2.63×105 atoms) and a bigger one with the approximate dimensions 21.3×21.3×58.7

nm (2.06×106 atoms). By default, the results reported below were obtained with the smaller

block unless otherwise indicated. Ta was introduced into the bicrystal by either MC simu-

lations or random substitution, as mentioned above.

To induce GB motion, a shear strain was applied parallel to the GB plane. To this end,

free surfaces were created in the z-direction. Atoms within a 1.5 nm layer near one surface

were fixed, while a similar layer near the second surface was translated as a rigid body

parallel to the GB plane and normal to the tilt axis with a constant velocity v‖. All other

atoms were dynamic. The translation velocity was chosen between 0.02 and 10 m/s. This

simulation scheme explores the shear-coupling effect [37, 109], in which normal GB motion

produces shear deformation of the region it traverses; conversely, relative translation of

grains parallel to the GB plane with some velocity v‖ causes normal GB motion with a ve-

locity vn. The shear-coupling effect is characterized by the coupling factor β=v‖/vn, which
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for perfect coupling is a geometric parameter that depends only on the bicrystallography of

the boundary. For the Σ17 GB studied here, the geometric coupling factor is β=2tan(θ/2-

π/4)=-0.496. The normal driving force exerted on the GB is p=βτ [92,94], where τ=σyz is

the shear stress parallel to the GB plane created by the grain translation. During the MD

simulations, the position of the moving GB was tracked by finding the peak of potential

energy (pure Cu and Cu-Ta with clusters) or bond-angle parameter (solid solution) in the

snapshots using the OVITO visualization software [110]. The shear stress was computed

using the standard virial expression averaged over the entire system.

Figure 3.2: MD simulation of the stress-induced motion of Cu Σ17 GB in the presence of
Ta nanoclusters at 900 K. Right end of the simulation block is fixed while left end moves
with the speed of 1m/s in the direction indicated by green arrow. (a) GB position after
unpinning from the clusters in 0.015 at.%Ta alloy. (b) Ta clusters left behind the moving
GB boundary. (c) Ta clusters in the sliding mode. (d) GB sliding in 0.055 at.%Ta alloy.
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3.3 Results

3.3.1 Effect of Ta clusters on boundary migration

The Ta clusters had approximately the same size distribution regardless of the average

alloy composition, which is in agreement with previous work [32–34]. The temperature

dependence of the distribution was also small. For example, at the temperature of 900 K,

the clusters had a typical size of 0.75 nm and contained around 20-25 atoms, although some

of the clusters contained up to 50 atoms. When Ta concentration was small, the GB could

easily unpin from the clusters and move through pure Cu driven by the applied stress (Fig.

3.2a). At 900 K, the stress required for the GB motion was less than 9 MPa (Fig. 3.3a).

The coupling factor determined from v‖ and vn was close to the ideal geometric value (Fig.

3.3b).
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Figure 3.3: Mechanical responses of the Cu Σ17 GB in the presence of Ta nanoclusters at
900 K. (a) Shear stress τ as a function of the average alloy composition. The error bars
indicate the standard deviation of the stress from the average value during the simulations.
(b) Coupling factor β as a function of the average alloy composition; the blue line marks the
ideal value of β. The vertical yellow line indicates the transition from coupling to sliding
mode.

After the composition reached about 0.06 at.%Ta, the GB could no longer unpin, and

the GB response to the applied shear switched from coupled motion to sliding. At 900 K, the

sliding stress is approximately 300-400 MPa. This is an unusual type of sliding in which the
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GB contains a significant density of nanoclusters that resist the sliding process. Examination

of simulation snapshots showed that the sliding process continuously separated individual

Ta atoms from the clusters or merged the clusters together (Fig. 3.2c). Nevertheless,

the clusters not only survived but also preserved approximately the same average size,

demonstrating remarkable stability. The transition from coupling to sliding occurred when

the GB area per cluster was about 8-10 nm2. In alloys with larger Ta concentrations when

the GB slid, this area reduced to 4 nm2 or less.

To examine the GB-cluster interactions in more detail, the boundary which had un-

pinned from the clusters and traveled some distance into a Cu grain was stopped and set to

move back toward the clusters by reversing the direction of the grain translation with the

same magnitude v‖. Typically, the boundary impinging on the clusters would stop momen-

tarily but then unpin and continue traveling into the other grain. Next, the direction of

GB motion was reversed again, and the boundary was driven back through the same set of

clusters a second time, and then again several times. Interestingly, during this process, the

coupling factor of the GB remained close to ideal, demonstrating remarkable robustness of

the shear-coupling effect. Indeed, each time the GB would break through the set of clusters,

the latter “punched holes” in the GB structure. Nevertheless, the boundary would quickly

heal the holes, recover the initial atomic structure, and regain the ability to couple to shear

stresses with the same coupling factor.

Fig. 3.4 shows typical examples of the shear stress as a function of time as the boundary

passes through the clusters twice. To demonstrate that this stress behavior is independent

of the system size, simulations were repeated in the simulation block with a larger GB area,

as illustrated in (Fig. 3.4b). Note the existence of two stress peaks with opposite sign each

time the boundary passes through the clusters. This behavior is exactly what is expected

within the Zener model of GB pinning. Indeed, as shown schematically in Fig. 3.5, the

GB-obstacle interaction has two stages: attraction and pinning. As soon as the moving GB

touches the spherical obstacle, the surface tension begins to pull the GB towards the sphere

(Fig. 3.5a). As a result, the boundary is attracted to the obstacle. Once the boundary has
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Figure 3.4: Time dependence of shear stress as the GB passes through a set of Ta clusters
twice at 900 K. Green arrow shows the point of reversal of the GB motion. (a) Alloy with
0.031 at.%Ta. (b) Alloy with 0.027 at.%Ta in the larger simulation block.

Figure 3.5: Interaction of a moving GB with a spherical obstacle in the Zener pinning
model. (a) The boundary moving up comes in contact with the obstacle. The GB tension
(shown by arrows) is pulling the GB towards the obstacle, creating an attractive force. (b)
The boundary is trying to break away from the obstacle and move on. The capillary force
is pulling the boundary back, creating a pinning force. The vertical arrows indicate the
direction of GB motion.

passed through the obstacle and is trying to move on, the contact angle changes sign and

the surface tension now pulls the boundary back (Fig. 3.5b). This creates a pinning force

that must be overcome for the GB to separate from the obstacle.

Fig. 3.6 demonstrates that the local GB curvatures near the clusters are qualitatively

consistent with the attraction and pinning stages of the Zener model. Furthermore, a closer

examination of Fig. 3.6 and the original movie show that the moving GB first touches
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Figure 3.6: Interaction of a GB moving upward with Ta clusters at 900 K. (a) The GB
approaches a set of clusters from below. (b) The capillary forces attract the GB as soon as
it touches the clusters. (c) The GB has absorbed all clusters. (d) The capillary forces pull
the GB back as it tries to move on. (e) Most of the GB has unpinned from the clusters.
Note that the GB curvature is similar to the one shown schematically in Fig. 3.5. The alloy
composition is 0.027 at.%Ta and the simulation was performed in the large block.

one cluster, which then pulls the GB forward, and it begins to touch neighboring clusters

one after another. As a result, the GB-cluster contacts quickly spread over the boundary.

Similarly, the unpinning process starts with the unpinning of one cluster, followed by the

unpinning of neighbors until the GB finally separates from all clusters. This mechanism is

similar to the operation of a ziplock and can be called the zipping/unzipping mechanism.
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We can now explain the double peak of the stress in Fig. 3.4. When the GB is away from

the cluster, the imposed grain translation creates a shear stress τ pointing in the direction

of translation, which we count as positive. When the boundary comes in contact with the

clusters, the capillary force starts pulling it in the direction of motion. Due to the coupling

effect, this accelerated normal motion produces an additional relative translation of the

grains in the direction of the applied translation. The velocity of this additional translation

soon exceeds the imposed velocity (in this case, 1 m/s), and the shear stress reverses the

sign. This is the origin of the negative peak in Fig. 3.4. After the GB-cluster interaction

switches to pinning, the capillary force opposes the GB motion. Accordingly, the imposed

grain translation increases the shear stress until a critical value is reached at which the GB

unpins. This produces the second stress peak in Fig. 3.4.

More complex interactions of the GB with the clusters were also observed. For example,

in alloy compositions near the coupling to sliding transition (Fig. 3.3), the boundary spends

a few ns in the sliding mode but eventually unpins and moves into one of the grains. When

sent back towards the same set of clusters, the GB is stopped by them and begins to slide.

It never breaks through the clusters into the second grain for as long as we can run the

simulations (>55 ns). When the direction of grain translation is reversed again, the GB

unpins and moves back into the initial grain. In other words, the GB unpins from the

clusters in one direction but not in the other, even after several attempts. A detailed

mechanism of this asymmetry of pinning remains unclear and calls for future work.

The computed stress profiles (Fig. 3.4) offer an opportunity to test the Zener model

against the simulations. The dragging force exerted on the GB by a spherical obstacle of a

radius R is [24] f=πRγsin2θ, where θ is the contact angle (Fig. 3.5). This force reaches the

maximum value fmax=πRγ at θ=450. For a GB of an area A containing N obstacles, the

force per unit area is Fmax=πRγN/A. The GB unpins when its driving force p reaches Fmax,

giving the unpinning condition πRγN/A=|β|τmax. Here, τmax is the stress of unpinning

given by the respective peak in Fig. 3.4. In the simulations, β, N and A are known. The

cluster radius can be evaluated as the radius of an equivalent sphere with the same volume
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as an average cluster: R=(3Ω n/4π)1/3, where n is the average number of atoms in a cluster

and Ω is the atomic volume. Having this data, we can back-calculate the GB free energy:

γ =
A|β|τmax
πRN

(3.1)

Table 3.1 summarizes the calculations from equation 3.1 for different alloy compositions

and two different sizes of the simulation block. Although the number of Ta clusters in the

GB varies between 2 to 31, the values of the GB free energy recovered from equation 3.1

have a small scatter around the average value of 0.908 J/m2. For comparison, the energy

of this boundary at 0 K is 0.856 J/m2. The two numbers are remarkably close. Ideally,

the GB free energy at 900 K is expected to be lower than at 0 K. On the other hand, the

estimates in Table 1 refer to a nonequilibrium boundary damaged by the clusters and curved

near the pinning points, the factors which likely raise its excess free energy. Given these

circumstances and the fact that Eq. 3.1 relies on the assumption of a perfectly spherical

obstacle and other approximations, the consistency of the γ values listed in Table 3.1 is

very encouraging and can be taken as a validation of the Zener model by the simulations.

Table 3.1: Calculation of the GB free energy at 900 K from the Zener model of pinning.

Alloy composition (at.%Ta) n A (nm2) R (nm) τmax(GPa) γ(J/m2)

0.016 2 40.07 0.50 0.140 0.886
0.027 24 456.03 0.41 0.124 0.908
0.031 4 40.08 0.40 0.230 0.910
0.034 31 455.99 0.41 0.164 0.929

n number of clusters in the GB plane, A GB area, R equivalent radius of clusters, τmax shear stress of unpinning, γ GB free energy

3.3.2 Grain boundary motion in a random alloy

Random distribution of Ta atoms in Cu also imposes a resistance to GB motion, but for the

same alloy composition, the effect is not nearly as strong as when Ta forms clusters. For
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Figure 3.7: Coupled motion of the Σ17 GB in the random Cu-Ta solid solution at 900 K. (a)
Average stress for GB motion as a function of chemical composition with grain translation
velocity of 1 m/s. The error bars indicate the standard deviation of the stress from the
average value during the simulations. (b) GB displacement as a function of time for the
alloy compositions indicated in the legend with grain translation velocity of 1 m/s. (c) GB
displacement as a function of grain translation for the translation velocities indicated in
the legend. The alloy composition is 2 at.%Ta. (d) GB displacement and shear stress as
functions of time for the 2 at.%Ta alloy.

example, a shear stress of 230 MPa was required to unpin the GB in the sample containing

0.031 at.%Ta (Fig. 3.4a). In a random alloy with this composition, the stress of GB

motion is practically indistinguishable from that in pure Cu. Nevertheless, at a fixed grain

translation velocity v||, this stress increases with Ta concentration, and in alloys, with 3 or

more at.%Ta reaches a plateau at 200 MPa (Fig. 3.7). Fig. 3.7b shows that, with increasing

Ta concentration, the GB moves on average slower (at a fixed translation velocity of the

grains). Thus, the GB response to the applied shear gradually transitions from coupling to
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sliding.

An interesting feature of GB migration in the random alloy is its stop-and-go character

with alternating periods of rapid motion and arrest (Fig. 3.7). This mode of GB motion

is accompanied by a saw-tooth behavior of the shear stress, with an accumulation of stress

during the arrest time and a rapid drop during the motion (Fig. 3.7d). As illustrated in this

figure, the stop-and-go motion becomes more pronounced with increasing Ta concentration

and/or decreasing grain translation velocity (and thus the average GB velocity).

Although a quantitative theory of this interesting effect is yet to be developed, the

following qualitative explanation is proposed. As was noted in the previous work [32], short-

circuit diffusion of Ta atoms along GBs plays in Cu-Ta alloys. A stationary GB is capable

of redistributing the Ta atoms initially located in its core region and narrow vicinity to form

nanoclusters. The latter pin the boundary in place, and it remains immobile until the grain

translation creates a critical level of stress required for unpinning. Once unpinned, the GB

moves fast until the coupling effect reduces the stress, and the boundary stops. While the

stress builds up again, the boundary remains stationary, and the GB diffusion creates a new

set of clusters that pin the boundary in its new position. The GB remains pinned until the

stress reaches the unpinning level again, and the process continues in a stop-and-go manner.

The dynamic instability inherent in this process is somewhat similar to the dynamic strain

aging phenomenon [111] and the Portevin-Le Chatalier effect [112], except that the role of

dislocations and impurity atoms is played by the GB and the clusters, respectively.

The process just described must create an array of Ta clusters behind the moving GB.

This was indeed observed in the simulations, as illustrated in Fig. 3.8. The proposed

mechanism is consistent with the observed composition and rate dependencies of the stop-

and-go motion. The larger the Ta concentration, the more atoms are available in and near

the GB to build new clusters; the slower the grain translation velocity, the more time is

given to GB diffusion to form larger clusters.
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Figure 3.8: Clustering during GB motion in the random Cu-2at.%Ta alloy at 900 K. Only
Ta clusters containing 5 or more atoms are shown in the images. The numbers in the left and
right columns indicate the elapsed time and the velocity of grain translation, respectively.
The arrow shows the GB position. Note the formation of a Ta cluster array behind the
moving boundary. The slower the GB motion, the larger are the Ta clusters.

3.4 Conclusion

Stress-driven GB motion has been studied by atomistic simulations in Cu with Ta nan-

oclusters and in a random Cu-Ta solution. For the alloy with clusters, the simulations

confirm the previously observed stability of the cluster size [29,32–34]. Adding more Ta in

the alloys only increases the number density of Ta clusters with little or no effect on their

size distribution. In contrast to previous simulations conducted on polycrystalline samples

[29,32], in this project, we have focused on an individual GB. This allowed us to investigate
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its interaction with Ta clusters in greater detail. The stress behavior during the GB-cluster

interactions has identified two stages of the process, attraction, and pinning, which is con-

sistent with the Zener model of pinning by spherical obstacles. To compare the simulation

results with the Zener model quantitatively, we extracted the GB free energy γ from a set of

simulations for different alloy compositions and systems sizes. While the number of clusters

in the GB plane varied by more than an order of magnitude, the obtained values of γ were

well-reproducible and had a very reasonable magnitude (Table 3.1). For the temperature

of 900 K, the simulations predict the pinning stress on the level of 100-200 MPa (Table 3.1)

and the sliding stress of 300-400 MPa (Fig. 3.3a). For comparison, the stress of moving

the same GB with the same velocity in pure Cu is at least an order of magnitude less (<9

MPa). Although the fast (in comparison with experiment) GB motion implemented in the

MD simulations is likely to overestimate all stresses, it is reasonable to expect that the

relative magnitude of the stresses is represented correctly. The large pinning stress by the

Ta clusters and the quantitative agreement with the Zener pinning model provide strong

evidence that the high-temperature stability of the grain size demonstrated by the Cu-Ta

alloys is primarily due to the pinning of GBs by Ta clusters. Structure evolution in these

alloys can, therefore, be modeled by Monte Carlo [113,114], phase field [115], finite-element

[116] and other non-atomistic methods, with input data provided by atomistic simulations.

For comparison, we have studied stress-driven motion of the GB in a random Cu-Ta solid

solution, mimicking the state of the material right after mechanical alloying. Although

the randomly scattered Ta atoms also imposed a resistance to GB motion, the effect is

not as strong as in the alloy with clusters. It was found that, due to short-circuit Ta

diffusion in GBs, a moving GB precipitates a set of Ta clusters in its wake (Fig. 3.8).

This observation suggests a mechanism by which the clusters can form inside the grains

as observed in experiments [29, 33, 34]. At high temperatures, the clusters can precipitate

directly from the solid solution by a process similar to spinodal decomposition [32]. However,

Ta diffusion in the Cu lattice is very slow [29] and at relatively low temperatures, this process

is ineffective. The proposed GB-assisted mechanism can operate a lower temperatures when
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lattice diffusion is frozen out.

Although these results were obtained for a particular symmetrical tilt GB, it is believed

that the general conclusions remain valid for all high-angle GBs. This assumption can be

validated by studying a larger set of different GBs in the future.
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Chapter 4: Atomistic modeling of capillary-driven grain

boundary motion in Cu-Ta alloys

4.1 Introduction

Many beneficial properties of nanocrystalline materials owe their origin to the large specific

area (per unit volume) of grain boundaries (GBs) and other interfaces. One such property is

the high mechanical strength. The strengthening effect is partially caused by the formation

of dislocation pileups stopped at GBs [54]. However, at small enough grain sizes, the

dislocation sources inside the grains cease to operate, and the dislocation pileups cannot

form. Instead, the plastic deformation is predominantly controlled by GB processes such

as GB sliding and grain rotation [38,69,93,117–123].

Wider applications of nanocrystalline alloys are hampered by the onset of grain growth

at elevated temperatures. In some of the nanocrystalline materials, substantial grain growth

can even occur at room temperature. The driving force for grain growth has a capillary

nature and is caused by the excess free energy of GBs. Since the specific GB area in

nanocrystalline materials is large, the capillary driving force is strong and increases as the

grains become small. The grain growth results in deterioration of the superior properties

of nano-materials.

Several approaches have been proposed for reducing the grain growth, the most effective

of them being alloying. There are two possible mechanisms by which alloying can stabilize

nano-grains. The thermodynamic stabilization can be achieved by reducing the GB free

energy γ by solute segregation [12–15, 20, 68, 98, 124–127]. Since the capillary driving force

is proportional to γ, the grain size can be preserved for a longer time and/or up to higher

temperatures. It has even been suggested that the total free energy may reach a minimum

at a finite grain size, producing a thermodynamically stable nano-grained material [13–
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15, 68, 95, 98, 126, 128, 129]. The kinetic stabilization is achieved by the reduction in the

GB mobility by the solute drag effect [17, 19, 127, 130] or by the Zener pinning of GBs by

small precipitates of a second phase [19, 22–24, 113, 114, 127, 131]. Clean separation of the

thermodynamic and kinetic factors is very difficult. In many cases, the grain stabilization

is likely to be a combined effect of both mechanisms.

Nanocrystalline Cu-Ta alloys have recently attracted much attention due to their ex-

traordinary structural stability and strength at high temperatures [29–35, 131]. FCC Cu

and BCC Ta are practically immiscible in the solid-state. High-energy mechanical alloy-

ing produces an unstable solid solution of the two elements, which decomposes during the

subsequent thermal processing. Ta atoms precipitate from the solution in the form of

nanometer-scale clusters coherent with the Cu matrix. These clusters strongly pin the GBs

by the Zener mechanism, preventing the grain growth. As a result, a Cu-Ta alloy can pre-

serve the grain size of about 100 nm at high temperatures up to the melting point of Cu.

The existence of this fully stabilized nano-structure opens an avenue for the design of a new

class of materials for high-temperature, high-strength applications.

The grain size stabilization leads to unique mechanical properties of Cu-Ta alloys, such

as the high strength (above 1 GPa) and small strain-rate sensitivity under tension and

compression [31], lack of superplastic behavior, and excellent creep resistance [39]. The Ta

clusters located inside the grains contribute to the strengthening by restraining the dislo-

cations glide and twinning. The clusters residing at GBs block the dislocation transmission

and enhance the Hall-Petch mechanism of hardening [54]. In addition, the GB clusters

create obstacles to the operation of GB deformation mechanisms by suppressing the GB

sliding and grain rotation.

Cu-Ta alloys also present an ideal model system for understanding the general principles

of grain stabilization. The Ta atoms do not follow the classical segregation model wherein

the solute atoms form a relatively uniform distribution over the GB area and reduce the

GB free energy. Instead, the Ta atoms form a chain of discrete nanoclusters attached to

the GBs and separated by large areas of pure Cu boundaries, as illustrated in Fig. 4.1
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Figure 4.1: High resolution high-angle annular dar-field (HADDF) scanning transmission
electron microscopy (STEM) image of a Cu-3at.%Ta alloy consolidated by equal channel

angular extrusion (ECAE) at 7000C. The Ta clusters are revealed by Z-constrast. The
average Cu grain size is about 86 nm. a) A typical grain decorated with Ta clusters. b)
Zoom-in view showing Ta clusters residing at and near GBs. The approximate GB positions
are outlined by dashed lines.

for the Cu-3at.%Ta alloy. The upper left corner of the image in Fig. 4.1a shows a grain

decorated with Ta clusters, with a more detailed view of the clusters shown in Fig. 4.1b.

Since the clusters only occupy a small fraction of the total GB area, they are unlikely to

reduce the GB free energy substantially, as assumed in the thermodynamic stabilization

models. On the other hand, they can be very effective in blocking the GB motion by the

Zener pinning mechanism [22–24, 113, 114]. This presents us with an opportunity to gain

a better mechanistic understanding and evaluate the strength of the kinetic stabilization

mechanism separately from the thermodynamic factor.

The previous atomistic simulations [131] have confirmed that Ta clusters in Cu-Ta alloys

can exert a strong pinning force and can totally arrest the GB motion. The stress behavior

during the GB-cluster interactions was found to be consistent with the Zener model [22–

24,113,114]. The GB migration was driven by applied shear stress causing the GB motion

by the shear-coupling effect [37, 92]. It was noted that the applied stresses driving the GB
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motion were rather large, and the speeds of GB migration were orders of magnitude higher

than the typical speeds under experimental conditions.

The main goal of the present work was to demonstrate that the conclusions reached in

the previous study [131] are independent of the particular driving forces or GB migration

rates implemented there. To this end, we have performed systematic atomistic simulations

of GB motion driven solely by the capillary pressure. The grain sizes studied here are

typical of many nanocrystalline materials. Accordingly, the capillary driving force applied

to the GBs is representative of typical forces existing in real materials. In addition to the

modeling of GB-cluster interactions, we investigate the role of GBs in the precipitation of Ta

clusters during the decomposition of the unstable Cu-Ta solution. This precipitation leads

to dynamic instability of the GB motion and eventually the GB arrest when the growing

clusters reach a critical size.

4.2 Methodology

Atomic interactions were described by the recently constructed angular-dependent inter-

atomic potential for the Cu-Ta system [32]. A rectangular simulation block was initially

filled with perfect FCC Cu lattice and had the dimensions 31.8×31.8×7.3 nm (599,760

atoms) with periodic boundary conditions. A cylindrical grain with a radius of 9.99 nm was

created at the center of the block by rotating its lattice around the [001] z-direction by an

angle θ0 (Fig. 4.2). The atomic structure of the tilt GB was equilibrated by minimizing its

energy with respect to removal, addition, and displacements of atoms as described elsewhere

[93].

In addition to the pure Cu system, Cu-Ta alloys were created with three different distri-

butions of Ta atoms. In the first case, Ta was introduced into the GB region by composition-

controlled semi-grand canonical Monte Carlo (MC) simulations using the parallel MC code

ParaGrandMC [132]. The temperature of the simulations was chosen to be 900 K. The
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Figure 4.2: Simulation block containing a cylindrical grain. The Cu atoms in the exterior
and the interior grains are shown in cyan and green color, respectively. The GB (blue) is
decorated with a set of Ta clusters (yellow).

trial moves of the MC algorithm included small random displacements of randomly se-

lected atoms in a random direction with the simultaneous random reassignment of chemical

species to either Ta or Cu. In addition, the system dimensions were randomly rescaled.

This rescaling ensured zero-stress conditions during the simulation, which helped to min-

imize the effect of the large atomic size difference between Cu and Ta. The trial moves

were accepted or rejected by the Metropolis criterion [133]. Due to the negligible mutual

solid solubility in the Cu-Ta system, Ta nanoclusters only formed in the GB region. In the

composition-controlled mode of the MC algorithm [91, 108, 132], there is a feedback loop

between the composition and the chemical potential difference between the species that

ensure equilibration to the given chemical composition of the system. This allowed us to

create a set of alloys with several targeted chemical compositions. In the following, these

compositions will be measured by the atomic percentage of Ta atoms averaged over the

entire simulation block. Given that the Ta atoms are actually located in the GB region,

such compositions do not represent the GB chemistry and only serve to label its different
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chemical states.

In the second case, the chemical species were only switched during the MC simulations

within a 3 nm thick concentric cylindrical shell with a radius smaller than the radius of the

grain. The obtained Ta-rich shell mimicked a Ta distribution left behind by an imaginary

smaller grain that had detached from this distribution and disappeared. This configuration

was created to study the GB interaction with this Ta distribution as the grain shrinks by

capillary forces. As in the previous case, several alloy compositions were created.

Finally, in the third case several nonequilibrium solid solutions were created by randomly

substituting Cu atoms by Ta atoms uniformly across the entire simulation block until a

prescribed chemical composition was reached. Such random solutions represented the state

of the material after the mechanical alloying and prior to the thermal treatment.

Starting from the initial configuration, the system evolution was studied by molecular

dynamics (MD) simulations. The Large-scale Atomic/Molecular Massively Parallel Simu-

lator (LAMMPS) [107] was utilized. The isothermo-isobaric (NPT) ensemble was imple-

mented at the temperatures of 750 to 1100 K under zero pressure conditions. The latter

condition ensured that no internal stresses were developed in the simulation block due to

the volume change caused by the GB motion. Snapshots of the simulation were saved at

regular time intervals recording the coordinates, velocities, energy, and stress components

of an individual atom. The GB position was tracked using the bond angle analysis imple-

mented in the OVITO visualization software [110]. The effective radius of the grain was

calculated by averaging the distance to the GB atoms from their centroid. Changes in the

lattice orientation in the grain were tracked using four nearest neighbors lying in the (x,

y) plane for the lattice atoms inside and outside the grain (0.8 nm away from the GB).

The minimum rotation angle between the sets of four vectors pointing to the neighbors was

averaged over the inner atoms of the grain and taken as the misorientation angle θ across

the GB.
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4.3 Results

4.3.1 Grain shrinkage and rotation in pure Cu

To provide a baseline for comparison with Cu-Ta alloys, simulations were first conducted on

the pure Cu system. As expected, the grain was found to shrink and eventually disappear.

Simultaneously, the lattice of the grain was found to rotate towards larger misorientation

angles. Fig. 4.3 shows the results for the initial misorientation angle θ0 = 28.070. In this

figure and all similar plots, the data points were collected from individual snapshots. The

GB area decreases as a linear function of time following the parabolic kinetics predicted

by theoretical models [92, 93]. Slight deviations from the parabolic kinetics are observed

when the grain becomes small (Fig. 4.3a). This acceleration of shrinkage could be due to

an increase in the curvature-dependent GB free energy. The rate of GB shrinkage increases

with temperature.

Figure 4.3: The grain area (a) and the misorientation angle θ (b) as a function of time
in MD simulations of pure Cu at several temperatures. The initial misorientation angle is
θ0=28.070.

The grain rotation in Fig. 4.3b is expected from the shear-coupling theory [37, 92, 109,

134]. The theory predicts that coupled motion of a curved GB creates a driving force for

relative rotation of the two grains. For tilt GBs, this rotation should occur towards larger
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misorientation angles. This predicted mode of rotation was indeed observed in previous MD

simulations [93, 135] and is confirmed in this work. At all temperatures studied here, the

GB remains shear coupled and rotates towards the angle of about 360. This special angle

is associated with the discontinuity in the misorientation dependence of the coupling factor

[37,93,94,109,134]. These results are in full agreement with the previous work, which lends

additional confidence to the simulation methodology employed in this project.

4.3.2 GB pinning by Ta clusters

When Ta was introduced into the GB region and the latter was equilibrated by MC simu-

lations, Ta was found to form a distribution of discrete clusters with an approximate size

of about a nanometer (20-25 atoms) decorating the GB (Fig. 4.2). An increase in the alloy

composition only produced more clusters with little effect on their size or size distribution.

The tendency of Ta atoms to preserve the cluster size was also observed in the previous

simulations [29,30,32–35,131] and experiments [30,31,33–35,131]. In this work, the cluster

size was measured by its effective radius r = (3nΩ/4π)1/3, where Ω is the atomic volume

of the alloy, and n is the number of atoms in the cluster. The average cluster radii are

Figure 4.4: The grain area (a) and the misorientation angle θ (b) as a function of time
in MD simulations of the grain pinned by Ta clusters at 900 K. The alloy compositions
(at.%Ta) are indicated in the legend.
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summarized in Table 4.1 as a function of alloy composition. As Ta concentration increases,

r only changes from 0.39 nm to 0.44 nm, whereas the number N of Ta clusters increases in

proportion to the concentration and reaches N = 33 at the highest concentration studied

here (0.15at.%Ta).

When the number of clusters was small, the capillary force easily unpins the GB from

the clusters. The grain then shrinks and rotates toward the 360 misorientation, as it does

in pure Cu but at a slower rate (Fig. 4.4). The initially small slope of the curves in Fig.

4.4 reflects the unpinning process. Once the GB is unpinned, its further evolution follows

the parabolic kinetics as in pure Cu.

The unpinning does not occur uniformly along the GB but rather follows the “unzipping”

mechanism illustrated in Fig. 4.5. The GB initially unpins from one random cluster, and

the free GB segment tries to migrate toward the grain center, exerting pulling forces on the

neighboring clusters. These neighbors eventually also let the GB go, and the free segments

become longer. This unzipping process continues to propagate along the GB, unpinning

one cluster at a time, until the entire GB detaches from the set of clusters and continues to

shrink and rotate in the pure Cu region. While the grain area continues to decrease during

the unpinning process, the grain rotation remains blocked until the complete separation

from the clusters. This explains the nearly horizontal portions of the curves in Fig. 4.4b.

As the Ta concentration increased, the pinning effect of the clusters became stronger.

The GB took a longer time to unpin, and the grain rotation became shorter (Fig. 4.4). In

the 1.5at.%Ta alloy containing 33 GB clusters, the GB was unable to unpin on the timescale

of the present simulations.

It is interesting to compare the simulation results with predictions of the Zener model

of GB pinning [22–24, 113, 114]. According to this model, the GB motion is blocked when

the driving pressure due to the GB curvature is balanced by the pinning pressure exerted

on the GB by disperse particles. The maximum pinning force created by a single spherical

particle is Fmax = πrγ, where r is the particle radius and γ is the GB free energy. For N

particles interacting with a GB of area A, the maximum pinning pressure is Pp =πrγN/A.
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Figure 4.5: The unpinning mechanism in the Cu-0.05at.%Ta alloy at 900 K. (a) Ta clusters
(yellow) are initially located at the GB (blue). (b) The GB has unpinned from 2 clusters,
and the unpinning process propagates along the GB. (c) The GB has unpinned from most
of the clusters. (d) The GB has totally unpinned from the clusters. FCC Cu atoms are not
shown for clarity.

In the present case A = 2πRL, where R is the radius of the cylindrical grain and L is its

thickness in the z-direction. Using the capillary pressure Pc = γ/R, the pinning condition

Pp = Pc gives

N =
2L

R
(4.1)
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Inserting L = 7.3 nm and r = 0.44 nm (Table 4.1), the grain should be pinned in its initial

state by N ≈ 33 clusters. This number exactly matches the number of clusters blocking the

grain in the 0.15at.%Ta alloy.

Table 4.1: Characteristics of cylindrical GB clusters as a function of alloy composition at
900 K.

Alloy composition(at.%Ta) N r(nm) GB area per cluster (nm2)

0.05 15 0.39 30.76
0.06 16 0.41 28.84
0.07 19 0.41 24.28
0.08 24 0.39 19.22
0.09 25 0.40 18.46
0.10 28 0.40 16.47
0.15 33 0.44 13.98

This perfect agreement may seem surprising since the Zener model is based on many

assumptions and approximations [24]. For example, the equation for Fmax that we utilized

above assumes that the particle-matrix interface is incoherent. More generally, Fmax=αrγ

and Eq. 4.1 becomes N=2πL/αr, where α is a numerical factor. For incoherent particles

α=π, while for coherent α=2π [136]. On the other hand, keeping the particles incoherent

but taking into account the GB curvature, α≈3.96 [137]. Given the approximate character of

the model and the fact that the boundary was only pinned on the relatively short timescale

of the MD simulations, this perfect agreement is likely to be fortuitous. Nevertheless, it

does indicate that the GB pinning observed in the present simulations is generally consistent

with the Zener mechanisms.

Fig. 4.6 shows the results of similar simulations at four different temperatures (800 K,

900 K, 1000 K, and 1100 K) at a fix alloy composition (0.08 at.%Ta). As expected, the

rates of GB migration and grain rotation increase with temperature.

In addition, the unpinning time manifested by the horizontal portions of the curves

becomes shorter at higher temperatures. These changes reflect the thermally activated
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Figure 4.6: The grain area (a) and the misorientation angle θ (b) as a function of time in
MD simulations of the grain pinned by Ta clusters in the Cu-0.08at.%Ta alloy at different
temperatures.

Figure 4.7: Typical initial configuration of Ta clusters forming a cylindrical shell inside the
grain. The grain shrinks and rotates until the GB (blue) hits the clusters (yellow).

nature of the unpinning process and of the coupled GB migration/rotation process.

In the preceding simulations, the Ta clusters were created at the GB from the very

beginning. To demonstrate that our conclusions do not depend on the initial conditions, a

similar distribution of clusters was created in a cylindrical shell inside the grain (Fig. 4.7).
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As mentioned above, one can think of such clusters as left behind by another GB that was

pinned by them but was able to escape and migrated elsewhere. In this simulation setup,

the GB was expected to start moving in the pure Cu region and eventually hit the cluster

distribution. This was indeed observed in the simulations. The grain rotated from the

initial θ0=28.070 misorientation to about 330 before encountering the clusters.

When the alloy concentration, and thus the number of clusters, were small, the boundary

was able to unpin from the clusters and continued to shrink until the grain collapsed into a

point. The GB-cluster interaction only caused a temporary hold of the shrinkage process,

manifested in the horizontal portions of the area-time and angle-time curves (Fig. 4.8).

The unpinning occurred by the previously discussed unzip mechanism.

Figure 4.8: The grain area (a) and the misorientation angle θ (b) as a function of time during
MD simulations of the grain containing a set of Ta clusters at 900 K. The alloy compositions
(at.%Ta) are indicated in the legend. The initial misorientation angle is θ0=28.070.

At higher Ta concentrations, the GB took a longer time to unpin and eventually was

stopped by the clusters when the alloy composition reached 0.21 at.%Ta. The previous

calculations from equation 4.1 predicted that 33 clusters should be sufficient to block the GB

migration. However, as indicated in Table 4.2, the actual number of GB clusters in the 0.21

at.%Ta alloy is 43. In addition to the approximate character of the Zener model mentioned

above, the discrepancy could be caused by the significantly larger surface density of the

47



clusters in the cylindrical shell in comparison with the initial GB (cf. Table 4.1). Under

the high- density conditions, the clusters can no longer be treated as isolated as assumed

in the Zener model. The contact angles between the clusters and the short GB segments

connecting them could no longer reach 450 corresponding to the maximum pulling force.

This could reduce the increase in the pinning efficiency per each added cluster. Another

potential source of discrepancy is the elastic strain field around the clusters [138], which

is not in the Zener model. Considering these uncertainties, the simulation results can be

considered compatible with the Zener model, at least on a semi-quantitative level.

Table 4.2: Characteristics of Ta clusters in the cylindrical shell inside the grain as a function
of alloy composition at 900 K.

Alloy composition(at.%Ta) N r(nm) GB area per cluster (nm2)

0.06 17 0.39 13.07
0.08 24 0.38 8.71
0.11 30 0.41 7.11
0.15 45 0.39 4.84
0.17 44 0.41 4.97
0.19 46 0.42 4.66
0.21 43 0.44 5.40
0.23 45 0.44 4.88

4.3.3 GB motion and grain rotation in random solid solution

Randomly distributed Ta atoms inserted in the Cu matrix imposed a drag force that reduced

the rates of GB migration and grain rotation in comparison with pure Cu. This drag effect

was not as strong as the pinning effect of the clusters. Much higher Ta concentrations

were required to achieve the same level of retardation. The effects of the alloy composition

and temperature are illustrated in Figs. 4.9 and 4.10, respectively. It is evident that the

addition of Ta significantly reduces the rate of GB migration and strongly suppresses the

grain rotation.
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Figure 4.9: The grain area (a) and the misorientation angle θ (b) as a function of time in
MD simulations of random Cu-Ta solution at 900 K. The alloy compositions (at.%Ta) are
indicated in the legend.

Figure 4.10: The grain area (a) and the misorientation angle θ (b) as a function of time in
MD simulations of random Cu-1.25at.%Ta alloy at different temperatures. The tempera-
tures are indicated in the legend.

The capillary driving force γ/R increases as the grain shrinks, which explains the accel-

erated shrinkage rate at the end of the simulation when the grain becomes small. At this

final stage, the grain rotation is accelerated as well.

An interesting feature of this process is its stop-and-go character manifested in the

stepwise shape of the area-time curves (Figs. 4.9 and 4.10). This stop-and-go behavior is

especially pronounced at higher Ta concentrations and/or lower temperatures. A similar

effect was observed in the recent simulations of stress-driven GB motion in the random
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Cu-Ta solution [131]. The mechanism of this effect is related to the formation of small

GB clusters by short-circuit diffusion of Ta atoms along the GB. Such clusters pin the GB

and it stops for a period of time during which the cluster formation continues to occur.

The boundary eventually beaks away from the clusters, makes a fast move forward, but

soon slows down due to the drag force. This allows the short-circuit diffusion to start the

formation of a new set of clusters. These clusters eventually stop the boundary and the

whole process repeats. As a result, the GB evolution consists of alternating periods of rapid

motion and arrest. The dynamic instability of this process makes it similar to the dynamic

strain aging phenomenon [111], the Portevin-Le Chatelier effect [112], and other cases of

stick-slip behavior.

The process just described must create an array of Ta clusters behind the moving GB.

This was indeed observed in the simulations, as illustrated by two examples in Fig. 4.11.

In the 1.25 at.%Ta solution at 900 K, the boundary shrinks in the stop-and-go regime and

collapses into a point after 8.8 ns. Fig. 4.11a shows the clusters formed during this time.

Figure 4.11: Ta clusters precipitation from the Cu-Ta random solution in MD simulations
at 900 K. The dashed circle shows the initial GB position. (a) 1.25 at.%Ta solution after
the GB shrinks to a point. Only clusters containing more than four atoms are shown. (b)
1.5 at.%Ta solution where the GB stopped after a short period of migration. Only Clusters
containing more than five atoms are shown.
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While two clusters precipitate outside the grain, most of them form in the area swept by

the GB motion. The chain of clusters in the upper right corner of this area was created by

a GB segment that remained pinned at this location for a longer period of time than other

segments. In the solution containing 1.5 at.%Ta at the same temperature, the GB quickly

shrinks by about a nanometer, after which it shops and becomes permanently pinned by

the clusters. For the rest of the simulation run (90 ns), the boundary only serves as a

short-circuit path for further cluster growth, leading to the formation of many new clusters

(Fig. 4.11b).

While the increase in the rate of cluster formation (and thus the stop-and-go GB motion)

with Ta concentration is readily understood, the effect of temperature is less predictable.

Higher temperature increases the rate of GB diffusion needed for the cluster formation. At

the same time, the GB moves faster and unpins from the clusters more easily, leaving the

GB less time to grow the clusters in size. The present simulations indicate that the second

trend dominates over the first: low temperatures favor the cluster formation due to the slow

GB motion, even though the Ta diffusivity inside the GB is slower.

4.4 Conclusion

In the previous work [131], the GBs were driven by applied stresses coupled to the GB

motion. By contrast, the present study was focused on the motion of curved GBs driven

by capillary forces. The latter process is more relevant to the structural stability problem

since the grain growth in polycrystalline materials is caused by capillary forces.

In conventional, coarse-grained polycrystalline materials, the capillary driving force

(pressure) is on the order of 103 to 105 Pa [139]. In nanocrystalline materials, this force is

much larger. Assuming γ= 1 J/m2 and taking the initial grain radius R ≈ 10 nm studied

here, the estimated capillary pressure is about γ/R ≈ 100 MPa. Nanocrystalline materials

with grain diameters of about 20 nm are not unusual; thus the pressures implemented in

this work are quite realistic. In typical Cu-Ta alloys, the grain diameter is around 100 nm,
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and thus the capillary pressure 2γ/R is about 40 MPa. Under such conditions, the pinning

effect of the Ta clusters is even more prominent than observed in this paper. For example,

the existence of just one Ta cluster per every 3.5 ×3.5 nm2 of the GB area can be sufficient

for blocking the grain growth at 900 K (Table 4.1).

The GB pinning effect observed in this work is well-consistent with the Zener model

[19, 22–24, 114, 127, 131]. The present simulations strongly suggest that the outstanding

structural stability of the Cu-Ta alloys is solely due to the kinetic mechanism. Although

the material is thermodynamically unstable, the extremely low GB mobility prevents the

grain growth at any temperature up to the melting point.

A unique feature of the Cu-Ta alloys in comparison with many traditional dispersion

strengthened materials is that the Ta clusters show very little, if any, coarsening at high

temperatures. As noted previously [29,30,32–35,131] and confirmed in this project, the Ta

cluster size is extremely stable. Adding more Ta to the alloy only results in the formation

of more clusters with nearly the same size. The physical origin of this remarkable property

of Ta atoms in Cu is not well understood. Simulations show that Ta and Cu form a

thermodynamically stable nano-colloidal structure in the liquid state [140], with the Ta

cluster size comparable to that in the solid-state. This tendency to preserve the cluster

size is thought to be related to the unique structure and energetics of Cu-Ta interfaces. It

was suggested [140] that the Cu-Ta interactions across the interfaces favor a spontaneous

interface curvature, which dictates the most stable particle size. It was also suggested that

the resistance to coarsening or coalescence is an indicator of a negative interface tension

that nevertheless keeps the structure stable due to the strong curvature effect [140]. More

research is needed to better understand this unusual effect on the atomic level and explore

its existence in other immiscible systems.

The simulations have shown that the precipitation of Ta clusters from the unstable solid

solution occurs by heterogeneous nucleation at GBs. For stationary boundaries, the process

involves Ta diffusion to the boundary from nearby lattice regions followed by their fast

redistribution by short-circuit diffusion. As a result, the boundaries become permanently
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pinned in place by the clusters. Moving GBs cannot nucleate so easily. At the early stages,

they only experience a solute drag force. The latter slows them down until small clusters

begin to nucleate. This creates a snowball effect in which the clusters reduce the GB speed

and permit the formation of more clusters. Some of the GBs become permanently pinned,

while others break away from the clusters and continue to migrate, only to be slowed down

and pinned again.

In addition to the formation of GB clusters, the process described creates sets of clusters

inside the grains. Such clusters continue to grow until they reach the optimal size. Some

of them eventually stop the motion of other boundaries and become GB clusters, while

others still remain inside the grains. The existence of Ta clusters inside the grains is well

documented in the experiments [30, 31, 33–35] and is one of the contributors to the high

strength and unprecedented creep resistance [39] of the Cu-Ta alloys.

Some of the clusters located inside the grains can pin lattice dislocations. In fact, dislo-

cations could also serve as cluster nucleation sites in addition to GBs, but this hypothesis

requires confirmation by experiment and/or simulations in the future.
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Chapter 5: Atomistic study of Ta cluster phases and their

microstructural evolution in Cu-Ta alloys

5.1 Introduction

Nanocrystalline materials exhibit superior mechanical properties compared to coarse-grained

materials [1–3]. Hall-Petch relation [54] describes an increase in yield strength with a

reduction in grain size as small as 10 nm beyond which there arises inverse Hall-Petch

behavior [2]. However, their applications at higher temperatures are limited because of

their lack of thermal stability and coarsening process even at lower temperatures. A large

density of grain boundaries (GBs) increases with a continual reduction in grain size and

thus posses a large driving force for grain growth upon thermal activation or deformation.

Grain stabilization method involves the addition of impurities in pure nanometal, which

stabilizes material through a reduction in the GB energy and/or reduction in the GB mo-

bility. The first approach is thermodynamic stabilization, where impurities segregate to

GBs, reducing GB energy that results in the reduction of a driving force for grain growth

[12–15, 20, 68, 98, 124–127]. The second approach is kinetic stabilization, where the GB

mobility is reduced by solute drag effect [17,19,127,130] or Zener pinning by small precipi-

tates of the second phase [19,22–24,113,114,127]. Among these methods, Zener pinning of

GBs by precipitated Ta clusters have been successfully employed to explain the structural

stability of immiscible Cu-Ta alloys [32,131,141].

Cu-Ta alloys are typical immiscible alloys without the formation of intermetallic com-

pounds in the binary Cu-Ta equilibrium phase diagrams [43]. However, Cu-Ta alloys could

be generated through experimental procedures such as mechanical alloying, magnetron sput-

tering, or ion beam assisted methods where Ta atoms precipitate forming a high density of
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nanoscale coherent clusters [31, 33–35, 39]. The presence of these clusters along the GBs,

triple junctions, or within grain gives unique thermal stability [29–32,131,141] and strength

approximately two times higher than that predicted by Hall-Petch hardening [39]. In com-

parison, nanocrystalline materials have been reported to exhibit significant grain coarsening

even at room or moderately low temperatures.

Previous atomistic simulations have confirmed and demonstrated that nanometer-scale

Ta clusters reduce GB migration and eventually pin GBs by the Zener pinning mechanism

[131,141]. Experimental observations have revealed the presence of Ta clusters with varying

sizes ranging from atomic clusters to much larger nanometer-scale Ta precipitates and phases

coherent (FCC) or incoherent (BCC) to Cu crystal lattice [35, 39]. These clusters were

observed to emit enormous dislocation activities in the Cu matrix. As the high strength

and stability at elevated temperatures are influenced not only by the retention of the grain

size but also by the accumulation of dislocations within the grain interior, this project is

focussed on understanding Ta phases as a function of cluster size. In addition, the study

explores the stability of Ta phases, local structural changes at the interface between the

Ta clusters and the Cu matrix, and microstructural evolution under intense heating and

annealing.

5.2 Methodology

Interatomic interactions in the Cu-Ta systems were described by a semi-empirical angular-

dependent atomistic potential developed by Purja-Pun et al. [32]. This potential was

parameterized using an extensive database of energies and configurations from density func-

tional theory (DFT) calculations of energy differences between various crystal structures of

pure Cu and pure Ta, the formation energies of coherent Cu-Ta interfaces, and the binding

energy of several ordered compounds, such as L12-Cu3Ta, L10-CuTa, L11-CuTa, B2-CuTa,

and L12-Ta3Cu [32]. More details on the validation of the potential at different temperatures

can be found in [32]. This potential was recently applied to study the structural stability of
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Cu-Ta alloys and the Zener pinning of Cu grain boundaries by nano-scale Ta clusters [141].

The simulations were performed using the large-scale atomic/molecular massively parallel

simulator (LAMMPS) [107].

Spherical Ta clusters were created inside cubic simulation blocks of pure FCC Cu with

several different sizes up to 40 nm × 40 nm × 40 nm with periodic boundary conditions.

The clusters were created by replacing Cu atoms by Ta atoms within a spherical region

at the center of the block. Five different cluster radii ranging from 1.5 to 3.5 nm were

studied in this work. In this simulation scheme, the Ta atoms were initially arranged in

the FCC structure perfectly coherent with the surrounding Cu. The structure was then

relaxed by molecular statics (total energy minimization), which resulted in a partial loss of

coherency and transformation of certain regions inside the cluster from FCC to BCC. The

cluster structure was examined using the visualization tool OVITO [110]. Besides FCC and

BCC, a small fraction of other structures or unstructured regions were usually found in

the cluster, especially near the Cu-Ta interface. The system was then slowly heated up to

the temperature of 927 0C (1200 K) by molecular dynamics simulations, and the structure

evolution was monitored by periodically quenching the simulation block to -273 0C (0 K)

and examining its structure with OVITO. The goal was to evaluate the lattice misfit and

coherency as functions of the cluster size and temperature.

5.3 Results

In the atomistic simulations, it was found that small Ta clusters remained mostly (although

not fully) coherent with the Cu matrix. Since the clusters were initially created and stat-

ically relaxed at T = 0 K when the lattice misfit was large, they were never perfectly

coherent. Due to the partial loss of coherency, part of the initial FCC structure of the clus-

ter always transformed into BCC and other structural forms, as shown in Fig. 5.1. At 0 K,

only about 30% of the cluster atoms form the FCC structure (Fig. 5.2). As the temperature

increased, the phase composition of the clusters varied. In small clusters (e.g., with a radius
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Figure 5.1: Cross sections of Ta clusters with a radius of (a) 1.5 nm and (b) 3.5 nm at 700
K. Ta atoms in FCC and BCC environments are shown in green and blue. The white atoms
represent other structural environments at the interface.

of 1.5 nm), the fraction of the FCC structure was found to increase with temperature while

the fraction of the BCC structure decreased. Thus, the clusters became more coherent at

higher temperatures, suggesting that the lattice misfit between Ta and Cu decreased with

temperature.

By contrast, in larger Ta clusters, most of the initial FCC structures transformed to

BCC already during the static relaxation (Fig. 5.1b). This resulted in nearly complete

loss of coherency, and during the subsequent high-temperature anneals, the fraction of

the BCC structure in the cluster increased (Fig. 5.2). For smaller or larger Ta clusters,

difference in the phase percentage increased with an increase in temperature, however for

the intermediate Ta clusters (e.g., with the radius of 2.5 nm and 3.0 nm), the difference was

very small and phases compete to dominate each other. On increasing the cluster diameter,
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Figure 5.2: (a) Temperature dependence of the FCC and BCC phases in Ta clusters for
two cluster sizes (1.5 nm and 3.5 nm). (b) Variation of Ta cluster phases with radius at
a particular temperature 700 K. Phases changes from coherent to incoherent with the Cu
matrix as radius increases.

Ta phase changed from FCC to BCC losing coherency with the Cu matrix. Figure 5.1b

shows that the Ta cluster was coherent for radius 1.5 nm and incoherent for radius 3.5 nm

with the Cu matrix at 700 K.

In experiments, the size distribution of Ta precipitates has been classified into two

groups: one as a nanocluster containing a small aggregation of Ta atoms (10-50 atoms)

with an average diameter 3.18±0.86 nm and other as a particle having a much larger size

with average diameter 39±19 nm [35]. The coherency of these clusters was indicated as

coherent, semi-coherent, and incoherent for the diameter <3.898 nm, 3.898 to 15.592 nm,

and >15.592 nm, respectively. Thus, Ta clusters were found to lose coherency at smaller

sizes in simulations than seen in experiments.

The loss of coherency was accompanied by the emission of dislocation loops into the Cu

matrix, as illustrated in Fig. 5.3a. This figure shows a single Ta particle with an initially

coherent boundary. The loss of coherency resulted in the formation of misfit dislocations

at the particle/matrix interface. These dislocations then separated from the particle and

formed loops gliding into the Cu matrix along (111) planes. For clarity, the perfect FCC Cu

atoms are not shown in Fig. 5.3a and the particle was cut in halves during the visualization
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Figure 5.3: a) Dislocation loops emitted by the Ta particle having a radius of 3.5 nm at 700
K. The dislocation loop splits into partials separated by a stacking fault (red color). The
FCC Cu atoms were removed for clarity and half of the Ta particle was cut out to reveal its
spherical cross-section. b) TEM (transmission electron microscopy) image of Cu-10at.%Ta
alloy and IFFT (inverse fast Fourier transform) image of Ta particle. (Ref. [35])

to reveal its cross-section and a better view of the dislocation loops. The dislocations split

into Shockley partials (yellow) separated by a stacking fault colored in red. It is well known

that a coherent nanocluster can lose coherency once it grows above a critical diameter. This

happens when the elastic energy with the nanocluster becomes large, and it is energetically

favorable for a dislocation to form at the matrix-nanocluster interface. This has been indeed

observed in experiments and Fig. 5.3b shows the high-resolution TEM (HRTEM) image

of nanocluster with diameter 4.11 nm, where the yellow lines along the Cu-Ta interface

are the misfit dislocations. The generation of such dislocations is easier for an incoherent

nanocluster in comparison to a coherent nanocluster. This dislocation raises the free energy

of the system to an amount that equals to its formation energy, but this increase in energy

is compensated by the decrease in the self-energy of the nanocluster. Due to the presence

of the misfit strain around nanocluster, the pinning-depinning of propagating dislocations

during the deformation within the matrix will be hindered. This hindrance will have a

direct consequence on the mechanical behavior. Hence, the change in coherency can be

linked to the change in mechanical properties.

Because of the complex two-phase structures of the clusters and the thermal noise at high

temperatures, it was not possible to accurately determine the interplanar spacing between
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Figure 5.4: (a) Lattice misfit strain evolution as a function of temperature for the Ta
nanocluster of radius 3.5 nm. The misfit strain decreases from 15.94% to 13.6%. (b)
Experimentally observed misfit strain evolution as a function of temperature [35].

Ta atoms. Instead, the following crude estimates were made. Knowing the dimensions of

the simulation block, the atomic volume of FCC Cu ΩCu, and the numbers of Cu and Ta

atoms, it was possible to extract the average volume ΩTa per Ta atom in the cluster. The

average atomic spacing was estimated for Cu and Ta by Ω
1/3
Cu and ΩTa

1/3, respectively. The

misfit was then estimated from the equation.

ε =
2(Ω

1/3
Ta − Ω

1/3
Cu )

(Ω
1/3
Ta + Ω

1/3
Cu )

(5.1)

The misfit estimated from this equation as a function of temperature is shown in Fig. 5.4.

The misfit strain initially as high as 15.94% decreased with the increase in temperature and

was reduced to a value of about 13.6%. This decrease can be explained by the structural

relaxation of the clusters resulting in increased coherency and transformation to a more

thermodynamically stable structure. Moreover, the difference in thermal expansion factors

of Cu and Ta cluster reduces the lattice parameter difference at high temperatures. This

behavior agrees qualitatively with experimental observations. Quantitatively, however, the

amount of this decrease is smaller than in the experiment (Fig. 5.4b), where the misfit
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strain is estimated to reduce to 4% at 400 0C. Nevertheless, the misfit strain calculated

from atomistic simulations at room temperature agrees well with in situ TEM experimental

measurement, as shown in Fig. 5.4b.

5.4 Conclusion

The atomistic simulations confirmed that small Ta clusters have FCC structure predom-

inantly and remain at least partially coherent with the Cu matrix. As the cluster size

increases, it loses coherency with the Cu matrix. The loss of coherency forms misfit dis-

locations at the particle/matrix interface and emits into the matrix forming loop within

the clusters. The lattice misfit between the Ta clusters and the matrix decreases at higher

temperatures, promoting better coherency. Although the simulation results are generally

consistent with the experiment, there are some deviations on the quantitative level. For

example, the clusters were found to lose coherency at smaller sizes than seen in the exper-

iment. Also, the rate at which the misfit decreases with increasing temperature is on the

lower side of the experimental data. The main source of these deviations is likely to be the

absence of vacancies in the present simulations. Indeed, the mere replacement of Cu atoms

by significantly larger Ta atoms creates a cluster in a state of strong compression. It is very

likely that at higher temperatures, such clusters attract vacancies, which then dissolve into

the clusters and create a much larger vacancy concentration than in stress-free Ta. This

should result in a decrease of the lattice parameter inside the cluster and partial relief of

the coherency stresses and strains. Despite this limitation, atomistic simulations were able

to reveal critical structural changes within the Ta based clusters, which remained mostly

(although not fully) coherent with the Cu matrix.
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Chapter 6: Atomistic study of core-shell structure

nanoparticles in Cu-Ta alloys

6.1 Introduction

Studies of nanocrystalline Cu-Ta alloys through experiments [16, 30, 33–35, 39, 142] and

atomistic simulations [29, 32, 131, 143] have well established its technological and scientific

significance for high-temperature and high-strength applications with unexceptional me-

chanical and thermal stability. The extraordinary characteristic of these alloys is primarily

due to the effect of immiscible Ta solute on thermodynamics and mobility of internal in-

terfaces, primarily grain boundaries (GBs). Although each of these elements lacks mutual

solubility, Ta atoms forced into the Cu matrix forms supersaturated Cu-rich solution with

Ta atoms precipitated in the form of nanoclusters [30,39].

Previous atomistic simulations [29,32,131] have demonstrated the formation of Ta clus-

ters, especially at GBs and grain interiors, and their role in stabilizing grain. The stability

arises from Ta clusters that pin GBs by the Zener mechanism [22–24], thereby preventing

grain mobility and grain coarsening. These clusters were formed either by equilibrating

the system with Monte Carlo (MC) simulations or segregating dispersed Ta atoms near the

GBs with molecular dynamics (MD) simulations. Most of these clusters were nanoclusters

with an average size of 1 nm and coherent with the Cu matrix.

The current simulation is focused on understanding the formation of larger Ta precipi-

tates (≥ 1 nm) in the immiscible Cu matrix as experimentally observed through a transmis-

sion electron microscope (TEM) or atom probe tomography [30,39]. Experimental observa-

tions have reported a wide range of Ta clusters with sizes ranging from atomic nanoclusters

to much larger nanometer-scale Ta precipitates and phases coherent, semi-coherent, or in-

coherent with the Cu matrix. These larger size Ta precipitates are responsible for changing
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mechanical properties emitting dislocation loops in the Cu matrix [35]. Some of these clus-

ters are observed to have a core-shell type structure with embedding Cu atoms as core and

Ta as shell [39]. Core-shell type nanoclusters have recently been attributed to the excellent

strength and ductility of molybdenum alloys [40] and steels [41]. Interactions of core-shell

particles with grain boundaries have a profound effect on the inherent mechanical properties

and challenge the long-established theoretical frameworks related to the mechanical behav-

ior of materials. As Cu-Ta is an immiscible alloy, it is essential to investigate whether it has

any prospect in forming core-shell structures. Thus, we carried out atomistic simulations

to understand the formation mechanism of larger core/shell Ta particles and their interface

behavior to have a firm understanding of thermal stability, strength, and ductility of Cu-Ta

material.

6.2 Methodology

Study of the formation of core/shell Ta structures has been carried out by performing MC

and MD simulations with the use of angular-dependent potential (ADP) describing the in-

teratomic interactions for Cu-Ta systems [32]. MD simulations were employed in large-scale

atomic/molecular massively parallel simulator (LAMMPS) code [107], and MC simulations

were conducted in parallel grand canonical Monte Carlo (ParaGrandMC) simulation code

developed by V. Yamakov (NASA).

While performing MC simulations with the composition controlled Metropolis scheme

[91, 108] up to 4 at.%Ta, it only formed smaller and coherent Ta clusters randomly dis-

tributed in a single crystalline lattice and predominantly located at the GB in bicrystal.

These clusters had the same size distribution as described in previous simulation [29,32,131],

and the size distribution was consistent regardless of alloy composition and temperature.

There was only a change in the number density of clusters with a change in composi-

tion. The sizes of the simulation blocks were 10.7×10.7×10.7 nm for single crystal and

21.3×21.3×58.7 nm for bicrystal having plane GB Σ17(530)[001]. This approach did not
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result in the formation of larger Ta precipitates.

Similarly, annealing of nonequilibrium solutions having Ta concentrations up to 4% in

single and bi-crystalline alloy resulted only in the formation of Ta clusters having size much

smaller than MC simulations. The precipitated cluster size was smaller even after annealing

non equilibrium solutions for 5 µs with accelerated molecular dynamics (AMD) [144–147]

simulation at 1100 K. This implied us to draw the conclusion that larger Ta clusters ex-

perimentally observed in the Cu matrix or at the GBs couldn’t be formed by the diffusion

of randomly distributed small concentration of Ta atoms on Cu matrix. Ta concentration

should be critically high enough to diffuse and coarsen into larger size nanoparticles, or there

should exist Ta concentrated region to agglomerate neighboring Ta atoms on its surface.

It has been described in the literature that a metastable Cu-rich solid solution can

accommodate up to 10-20at.%Ta with higher concentrations causing amorphization [48,

49, 67]. A metastable Cu-Ta solution is formed by the addition of Ta atoms in the FCC

Cu solution, which replaces FCC Cu lattice, diffuses, and forms clusters during thermal

processing when the composition becomes critical. Thus, we believed larger core/shell Ta

structures should be formed by diffusion from the highly amorphous region and focussed on

the crystallization of amorphous solution. With the random replacement of Cu atoms by

Ta atoms, Cu-50at.%Ta alloy of radius 3.5 nm was created at the center of the cubic FCC

Cu simulation block having dimension 14.5×14.5×14.5 nm (2.56×105 atoms) as shown in

Fig. 6.1. The structure was slowly heated to the temperature of 900 K and then annealed

with the NPT ensemble. The solution remained amorphous when annealed for 17 ns at

900 K. Therefore, the solution was rapidly expanded to anneal at 1000 K with a higher

diffusion rate. During the simulation, snapshots of the simulation block were saved at a

regular interval of time. The snapshots were observed with OVITO [110] for visualizing

structure and analyzing crystallization through bond angle parameter analysis.

Further, to mimic the crystallization of amorphous solution at 1000 K, constrained com-

position controlled MC simulations were performed to obtain desired Ta concentration only

within the sphere of radius 3.5 nm of the simulation block. Alloy composition within the
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Figure 6.1: Simulation block containing spherical amorphous solution Cu-50at.%Ta alloy
in a radius of 3.5 nm. The Cu matrix is colored in red with amorphous Cu and Ta atoms
in white and blue color, respectively.

sphere was varied between 30-80at.%Ta running 105 MC steps for each MC simulation. Re-

distributed Cu and Ta atoms within the sphere was analyzed for quantifying crystallization

and the evolution of nanostructure.

6.3 Results

While annealing the system having a spherical solution of radius 3.5 nm and composition Cu-

50%at.Ta at 1000 K with MD NPT ensemble, Ta atoms redistributed within the amorphous

sphere in a more organized structure. The rearrangement of configuration was facilitated

by the diffusion of Cu and Ta atoms. Dispersed Cu atoms diffused much faster than Ta

atoms, and its’s self lattice diffusion favored movement within the amorphous solution and

between the matrix and the solution. Since Ta diffusion is extremely slow even at the

melting temperature Tm of Cu [29], Ta atoms did not diffuse into the Cu matrix. Instead,

the diffusion process redistributed Ta coarsening nearby Ta atoms inside the solution and
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on the interface of solution-matrix.

Figure 6.2: Redistribution of (a) Ta and (b) Cu atoms during annealing of Cu-50%at.Ta
random alloy with MD NPT ensemble at 1000 K.

Figure 6.2a shows the redistribution of Ta atoms during annealing as a function of radius.

Initially, there was a uniform distribution of Ta atoms, as indicated by the red curve. As

the annealing continued, Ta atoms redistributed, forming two concentration peaks, one

lying close to the interface and other towards center. Since the number of particles was

conserved and Ta atoms could not diffuse into the matrix, this segregation should always

be accompanied by the formation of depletion zone within the spherical region of amorphous

solution. As expected, one could notice the formation of a depletion zone at a radius of ∼

2.5 nm inside the sphere.

Figure 6.2b shows the redistribution of dispersed Cu atoms initially lying within the

amorphous solution. There is Cu enrichment in the depletion zone of Ta and Cu depletion

in the Ta segregated region. The second enrichment peak near the interface and long tail

in the Cu redistribution curve are due to the self-diffusion of dispersed Cu atoms into the

matrix. An increase in the concentration peak of segregation and depletion zone for both

elements was observed with an increase in annealing time.

Redistribution curves of both elements represented the same qualitative phenomena ex-

cept for the region close to the center. The plot was not extended to the center to avoid
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Figure 6.3: Annealing of spherical solution Cu-50%at.Ta by MD NPT ensemble at 1000
K. (a) Uniformly dispersed Ta atoms in the beginning. Observations from (b) x[1 0 0]
direction, (c) y[0 1 0] direction and (d) z[0 0 1] direction at 1000 ns. Thickness of the slice

is 6Å and passes through the center of the spherical solution.

significant statistical error arising from less number of atoms. Examination of snapshots

displayed that uniformly dispersed Ta atoms were coarsened into partially concentric inter-

connected shells separated by Cu atoms. The concentric shells consist of pores from which

Cu atoms were diffusing inward and outward. These concentric shells became more distinct

with the separation of Cu and Ta atoms as the process of annealing was prolonged. Fig-

ure 6.3 shows the slices passing through the center observed from cubic crystal orientation

x[100], y[010], and z[001] directions. The empty spaces are the regions occupied by Cu

atoms.
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Figure 6.4: Redistribution of Ta atoms within a sphere of radius 3.5 nm at 1000 K. (a) MC
simulation and (b) Hybrid MD simulation.

To understand more regarding the formation of concentric shells through the redistribu-

tion of Cu and Ta atoms, MC simulations were performed with a constrained composition

controlled algorithm which allows random movement and exchange only within the Cu

atoms initially lying within the sphere of radius 3.5 nm rather than in the entire simulation

block. The composition within the sphere was varied from 30at.%Ta to 80at.%Ta. Figure

6.4a shows the MC distribution of Ta atoms for various compositions within the predefined

spherical region. As observed in MD simulation, each of these curves revealed a double

peak with the depletion zone at radius ∼ 2.5 nm. These peaks became much sharper with

the increase in composition up to 70at.%Ta. At 80at.%Ta, the double peak was not as

prominent as the lower composition.

For the lower composition 30at.%Ta and 40at.%Ta, Ta atoms inserted by MC simula-

tions were small isolated clusters coherent with Cu matrix and were arranged in a concentric

pattern within the predefined spherical region (Fig. 6.5a and 6.5b ). With the increase in

composition, the interface was covered mostly by larger size clusters having smaller ones

lying inwards. As the composition reached 60at.%Ta, Ta atoms lying on the surface be-

haved as shell having pores filled with Cu atoms. At 80at.%Ta, inner Ta atoms behaved as

single-core interconnecting with an outer shell.
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Figure 6.5: Slice of MC simulation observed from y[0 1 0] direction for various compositions:-
(a) 30at.%Ta, (b) 40at.%Ta, (c) 50at.%Ta, (d) 60at.%Ta, (e) 70at.%Ta and (f) 80at.%Ta.

Thickness of slice is 6Å.

Figure 6.6: Slice of hybrid MD simulation at 150 ns. Observations from (a) x[1 0 0] direction,

(b) y[0 1 0] direction and (c) z[0 0 1]. Thickness of slice is 6Å.
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We also performed hybrid MD simulations involving one MC simulation after every

one nanosecond of MD simulation for Cu-50at.%Ta alloy. The MC simulation was short,

involving 100 MC steps. Hybrid MD simulation also exhibited the same dynamics of the

formation of shell structure as observed in MD and MC simulations (Fig. 6.4b and Fig.

6.6). The concentration peaks of the segregation and depletion zone became much more

apparent in a short time interval than MD simulation.

Figure 6.7: (a) Crystallization of Ta atoms and (b) phase evolution during annealing of
spherical Cu-50at.%Ta solution by MD NPT ensemble at 1000 K.

Apart from the redistribution of atoms by the process of diffusion, Ta atoms were crys-

tallized from the amorphous solution with the continuation of annealing. The fraction of

crystallized Ta atoms increased with the evolution of time. Figure 6.7 shows the percentage

of crystallized Ta atoms and their phase distribution during the annealing of Cu-50at.%Ta

alloy at 1000 K. These parameters were obtained from OVITO [110] through bond angle

parameter analysis. Of the total number of Ta atoms in spherical Cu50at.%Ta alloy, 30%

of Ta atoms were observed to be crystallized when annealed for 1000 ns. The phase of

the crystalline atoms was predominated by the close-packed structure. We referred to both

FCC and HCP as close-packed structures as the atoms in the third layer may not be distin-

guishable when there is the presence of a significant fraction of other non-structural atoms.

Most of the crystallized Ta atoms were located close to the interface and partially towards
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the center. Crystallized Ta atoms displayed a concentration peak in the same radii where

the enrichment of Ta atoms occurred during the redistribution of atoms (Fig. 6.8).

Figure 6.8: Distribution of (a) close-packed and (b) BCC phase of crystallized Ta atoms.

Thus, we believe that whenever Ta atoms are non uniformly distributed by mechanical

alloying leaving Ta rich concentrated zone in single-crystalline Cu matrix, diffusion mecha-

nism aids in redistributing their position through the replacement of FCC Cu lattice. While

rearranging their position, Ta atoms come together to other dispersed Ta atoms and are

coarsened to form small isolated clusters. The slow diffusion rate of Ta does not allow Ta

atoms to diffuse into the Cu matrix. Only the Cu movements are allowed by the self lattice

diffusion. Thus, when the concentration becomes critical, smaller clusters combine to form

larger clusters within the amorphous region, transforming central atoms into a crystalline

structure. Accordingly, there are two distinct undergoing physical phenomena. The first

one is the redistribution of atoms aid by diffusion mechanism within the nonequilibrium

region, and the second one is the crystallization achieved through the coarsening of redis-

tributed neighboring atoms. The phenomena of coarsening also trap dispersed Cu atoms

lying between those clusters. The presence of Cu atoms has an advantage in reducing the

bulk energy of the cluster. Thus, instead of forming the bulk cluster, Ta atoms aggregate in

spherical shell trapping Cu atoms to minimize the stress condition acting from the interface
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and matrix. As a result, Ta rich region will arrange in concentric or partially interconnected

concentric shell filling Cu atoms in between them. These shells may have pores to allow

diffusion of Cu between the matrix and the clusters.

6.4 Conclusion

MC and MD simulations have demonstrated that the redistribution of Cu and Ta atoms in

a Ta-rich random solution forms a single/double core-shell nanostructure. When Cu atoms

diffuse within the amorphous region or into the matrix, Ta atoms tend to aggregate and

form small isolated clusters. These small isolated clusters further coarsened together to form

larger clusters transferring central atoms into a crystalline structure. During the coarsening

process, Cu atoms are also trapped within the Ta clusters forming a core-shell structure

that reduce the energy. Thus, the formation mechanism of the core-shell structure observed

in Cu-Ta alloys can be explained with two distinct physical phenomena viz., redistribution

of Cu and Ta atoms by the process of diffusion and crystallization through the coarsening

of Ta atoms.

72



Chapter 7: Atomistic study of superplastic behavior in

Cu-Ta alloys

7.1 Introduction

Nanocrystalline materials exhibit deformation-induced grain growth and poor microstruc-

tural stability even at lower temperatures compared to their coarse-grained counterparts.

The strain rate sensitivity (SRS) index (m) is an essential parameter in characterizing the

deformation behavior of structural materials. Materials display superplastic behavior when

the magnitude of m increases above 0.3. Coarse-grained materials and alloys generally ex-

hibit low strain rate sensitivities with m value usually less than 0.01. However, it undergoes

a rapid increase in magnitude as the average grain size is decreased and/or the temperature

is increased. The magnitude of m approaches one as the homologous temperature is in-

creased [148]. Even at a lower temperature, m has been found to increase significantly with

a continual reduction in grain size. For instance, in pure Cu, Chen et al. reported an in-

crease in the value of m from 0.009 to 0.038 when the grain size changes from coarse-grained

polycrystalline to nanocrystalline Cu at room temperature [149]. Wei et al. also reported

m values as high as 0.06 for Cu grain sizes as small as 10 nm [150]. With a reduction in

grain size, a significant fraction of grain boundaries increases, which changes deformation

behavior from dislocation nucleation and glide to grain boundary processes such as grain

boundary rotation, grain boundary sliding, and viscous flow [151]. Therefore, it is expected

for nanocrystalline metals and alloys to exhibit extreme SRS values (1 ≥ m > 0.3) when

deformed at higher temperatures.

Nanocrystalline Cu-Ta alloys exhibit extraordinary strength and structural stability at

high temperatures [29–35]. This has been attributed to Ta clusters precipitated within

grains and along GBs, which strongly pin GBs by the Zener pinning mechanism inhibiting
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further grain growth [131,141]. However, the SRS behavior of Cu-Ta alloys at such extreme

temperatures is unknown. It is fundamentally important to explore the dependence of the

SRS parameter with temperature to understand the lack of superplastic behavior in Cu-Ta

alloys. Thus, the SRS behavior of Cu-Ta alloy is explored through atomistic simulation as

high as 75% of homologous temperature. The goal of the present work is to demonstrate

that nanocrystalline Cu-Ta alloy exhibits limited SRS dependence with temperature.

7.2 Methodology

The atomistic simulations utilized the angular-dependent interatomic potential for the Cu-

Ta system [32], reproducing a large number of physical properties of this system in agree-

ment with experimental data and first-principles calculations. The molecular dynamics

(MD) simulations employed the Large-scale Atomic/Molecular Massively Parallel Simula-

tor (LAMMPS) [107]. The Monte Carlo (MC) simulations constituted an important part of

the methodology and were conducted using the parallel MC code ParaGrandMC recently

developed by V. Yamakov (NASA) [132]. The code implements a number of statistical

ensembles, including the composition-controlled MC algorithm that brings the system to

thermodynamic equilibrium at a given temperature and average chemical composition under

zero-stress conditions. The trial moves of the MC process include small random displace-

ments of randomly selected atoms in a random direction and a random re-assignment of

the chemical species of the atoms to either Cu or Ta.

The study was carried out in a polycrystalline Cu sample constructed by the Voronoi

tessellation method and contained 32 grains with an average grain size of 12.5 nm. The

sample contained about 5.4 million atoms and had the approximate dimensions of 40 nm

× 40 nm × 40 nm with periodic boundary conditions in all three Cartesian directions. The

GB structures were optimized by a procedure described elsewhere [32,93,94].

To obtain a polycrystalline alloy, an equilibrium distribution of Ta atoms was created in

the initial pure-Cu polycrystal by MC simulations at the temperatures of 300 and 800K with
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the target composition of 4 at.%Ta. At these temperatures, no appreciable grain growth was

observed during the MC simulations (see Fig. 7.6). The zero-pressure boundary conditions

ensured that the introduction of the oversized Ta atoms did not create internal stresses. Ta

was found to form nanoclusters located primarily at the GBs.

In the MD simulations of the polycrystalline sample, it was heated to the desired tem-

perature and, after thermal equilibration, subject to isothermal uniaxial deformation in one

of the Cartesian directions while keeping zero stresses in the two remaining directions. The

sample was first compressed by 2% and then elongated back to its original shape in order

to generate some defects in the otherwise too perfect GBs and possibly inside the grains.

Following this pre-straining step, the sample was subject to a slow 15% compression with a

constant strain rate ε̇. The compressive stress σ was monitored during the simulations, and

multiple snapshots were saved to keep track of the structure evolution. The compression

tests were conducted at the temperatures of 300 and 1000 K with strain rates between 5

×106 and 109 s−1.

7.3 Results

7.3.1 Stress-strain curves

Figure 7.1 shows stress-strain curves for the polycrystalline Cu-4at.%Ta alloy at two dif-

ferent temperatures 300 and 1000 K with strain rates ranging from 107 to 109 s−1. The

maximum at about 5% strain reflects the well-known stress-overshoot effect often observed

in MD simulations at large strain rates. Despite the pre-straining, the initial GB struc-

tures are too ordered and cannot easily generate dislocations. As a result, the material

displays an excessively high strength until the GBs generate a sufficient amount of disloca-

tion for a steady-state flow. The overshoot effect nearly disappears at slower strain rates.

Moreover, the stress-strain curves did not show any strain hardening at both high and low

temperatures.
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Figure 7.1: Representative engineering stress-strain curves obtained by simulated compres-
sion tests of nanocrystalline Cu-4at.%Ta alloy at the temperatures of (a) 300 K and (b)

1000 K. The strain rates in s−1 are indicated in the legend.

7.3.2 Strain rate sensitivity

The flow stress σf at each strain rate was evaluated as the stress at 10% deformation.

This deformation matches the experiment and is large enough to avoid the stress-overshoot

impact. Figure 7.2a shows the flow stress as a function of strain rate. As expected, the

flow stress decreases with increasing temperature and slightly increases with the strain rate.

To demonstrate the temperature effect on the stain-rate sensitivity, Fig. 7.2b shows the

same σf vs. ε̇ functions except that the flow stress is normalized by its value at the slowest

strain rate. It is evident that at 1000 K, the strain rate has a stronger effect on the flow

stress than at 300 K. To quantify this difference, the strain-rate sensitivity index m=
d(lnσf )
d(lnε̇)

was computed from the slopes of the ln σf vs. ln ε̇ plots. The values obtained were m =

0.029 ± 0.004 at 300 K and m = 0.075 ± 0.004 at 1000 K. These numbers agree reasonably

well with the experimental numbers [152] obtained from compression tests performed on

Cu-10at.%Ta alloy over a wide range of deformation rates (10−4-101 s−1) and temperature

conditions (297 K - 1273 K), as shown in Fig 7.3.

Similar deformation behavior was found in pure Cu. The stress-strain curves look quali-

tatively similar to those for the alloy. The flow stress is lower than for the alloy (Fig. 7.2a).
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Figure 7.2: (a) Flow stress as a function of strain rate for pure Cu and the Cu-4at.%Ta
alloy at 300 and 1000 K. (b) Normalized flow stress as a function of strain rate for the
Cu-4at.%Ta alloy at the temperatures of 300 and 1000 K.

Figure 7.3: Comparison of simulated strain rate sensitivity value with experimental curves
showing the influence of temperature on strain rate sensitivity at various strain levels for
nanocrystalline Cu-10at.%Ta alloy [152].

As shown previously [29–35, 131, 141], the strengthening effect is due to the Zener pinning

of GBs by Ta nanoclusters. The simulations reveal a larger strain rate sensitivity of Cu in
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comparison with the alloy at both temperatures. The strain-rate sensitivity index is m =

0.039 ± 0.005 at 300 K and m = 0.098 ± 0.009 at 1000 K. This difference is evident from

the σf vs. ε̇ plots showing systematic upward deviations of Cu points with increasing strain

rate (Fig. 7.4).

Figure 7.4: Normalized flow stress as a function of strain rate for the Cu-4at.%Ta alloy and
pure Cu at the temperatures of (a) 300 K and (b) 1000 K.

7.3.3 Microstructural evolution

Figure 7.5 shows the microstructural evolution of polycrystalline Cu when deformed to

about 12% under compression with strain rate 5×106 s−1 at 300 K and 1000 K, respectively.

At 300 K, polycrystalline Cu exhibited enormous dislocation activities with dislocation

emission, propagation, and twinning. Dislocations emitted from the GBs moved freely

inside the grains and were absorbed at the opposite GB. However, at 1000 K, polycrystalline

Cu exhibited significant grain growth and grain rotation along with twinning, dislocation

emission, and propagation (compare Fig. 7.5c and Fig. 7.5d).

Figure 7.6 shows the microstructural evolution of Cu-4at.%Ta alloy when deformed

to 12% using the strain rate 5×106 s−1 at 300 K and 1000 K, respectively. Although

there is a significant difference between two simulated temperatures, the initial structures
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Figure 7.5: Microstructural evolution of pure Cu during deformation with the 5×106 s−1

strain rate at (a) 300 K and (b) 1000 K. FCC and HCP atoms are colored in green, and
red color respectively.

of 300 K (Fig. 7.6a) and 1000 K (Fig. 7.6c) with the presence of Ta clusters (yellow

atoms) along the GB are almost similar. While the atoms colored with green correspond to

FCC structures, the red atoms correspond to HCP structures forming the stacking faults.

Comparing these two initial snapshots, one can see the effect of Ta in attaining grain

stability of polycrystalline Cu even at higher temperatures. At 300 K, the deformation

process was dominated by dislocation slip but less than pure Cu. Dislocations emitted

from the GBs interacted with the Ta nanoclusters, and become pinned at various sites,

thereby reducing their mean free path of propagation. However, at 1000 K, deformation
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Figure 7.6: Microstructural evolution of Cu-4at.%Ta alloy during deformation with the
5×106 s−1 strain rate at (a) 300 K and (b) 1000 K. FCC, HCP, and Ta atoms are colored
in green, red, and yellow color respectively.

was dominated by GB activities such as GB diffusion, sliding, and grain rotation. The

presence of Ta nanoclusters slowed down and eventually blocked grain boundary motion

and grain rotation. Thus, the amount of sliding and grain rotation in Cu-4at.%Ta alloy was

less extensive than pure Cu.

To observe the GB processes, a network of mutually perpendicular marker lines was

created by coloring groups of atoms and tracing their motion during the simulations. As

shown in Fig. 7.7, after a 12% deformation, many of the marker lines are broken into
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Figure 7.7: Typical projections of polycrystalline Cu (a) and Cu-4at.%Ta alloy (b) at 1000

K after 12% deformation with the 5×106 s−1 strain rate. The compression axis is horizontal.
The horizontal (pink) and vertical (purple) stripes represent two sets of marker lines. FCC,
HCP, and Ta atoms are colored in green, red, and yellow color respectively.

segments at intersections with GBs, which is a signature of GB sliding. Furthermore, some

of the segments are slightly tilted relative to the initial strictly horizontal or strictly vertical

alignments. This tilting is an indicator of grain rotation. The GB sliding and grain rotation

are kinematically coupled to each other [37,92,93]. Fig. 7.7 also reveals some grain growth

in Cu during the deformation process and perhaps slightly more extensive GB sliding and

grain rotation than in the alloy. This is additional evidence that Ta clusters are more

effective in attaining grain stability by reducing grain boundary migration.

7.4 Conclusion

The strain-rate sensitivity behavior has been studied by atomistic simulation in Cu-4at.%Ta

alloy over a wide range of compression rates between 5×106 and 109 s−1 at the temperature

300 K and 1000 K, respectively. The flow stress decreased with an increase in temperature

and slightly increased with the strain rate but always remained higher than polycrystalline
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Cu for that particular temperature. Cu-4at.%Ta alloy exhibited smaller strain rate sensi-

tivity in comparison with the pure Cu at both temperatures. The computed strain rate

sensitivity values of Cu-4at.%Ta alloy were m=0.029±0.004 at 300 K and m=0.075±0.004

at 1000K. These numbers agree reasonably well with the experimental numbers. Thus,

the strain rate sensitivity of Cu-Ta alloys is not substantial, even at higher temperatures

where pure nanomaterials become unstable and undergo rapid grain growth. The mecha-

nisms driving this unexpected trend are related to interactions of GBs with Ta nanoclusters

leading to a reduction or elimination of grain boundary sliding and grain rotation. The

Ta clusters also inhibit deformation-induced grain growth and suppress the operation of

dislocation sources inside the grains leading to high strength and structural stability.
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Chapter 8: Atomistic study of tensile creep behavior in

Cu-Ta alloys

8.1 Introduction

Mechanical properties of nanocrystalline materials get modified when exposed longer time

to the mechanical load below the yield strength at high homologous temperature. Thus,

materials exhibiting superior resistance to time-dependent plastic deformation called creep

needs to be designed for the structural applications at high temperature. Materials pos-

sess such behavior when deformation mechanisms such as dislocation slip, grain boundary

sliding, rotation, and diffusion are limited. The current design includes the use of single-

crystal alloys for high temperature creep performance. Ni-based single superalloys lie at

the forefront in having superior tensile creep behavior (creep rate of about 10−8 s−1) with

high-temperature strength even up to temperatures as high as 90% of its melting temper-

ature. Nanocrystalline materials, with a mean grain size less than 100 nanometers, have

never been considered for high-temperature creep applications due to their lack of thermal

and microstructural stability.

Recently, based on the mechanical alloying technique, a new class of nanocrystalline al-

loys with two immiscible components, Cu and Ta, have been developed that show remarkable

properties under various thermal and mechanical loadings. Nanocrystalline Cu-10at.%Ta

alloy has been shown to possess compression creep rates comparable to the Ni-based su-

peralloys with a dislocation based creep mechanism. Previous atomistic simulations have

demonstrated that the reduction of GB motion by the Ta clusters lying along the GBs and

lattice gives extraordinary strength, stability, and low strain rate sensitivity index. The

current simulations deal in understanding the creep mechanisms of Cu-Ta alloy in the tem-

perature interval 850-1100 K by adding Ta up to 4% under tensile elongation with applied
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stress in the interval 100-300 MPa.

8.2 Methodology

Atomistic simulations utilized the angular dependent potential [32] for the Cu-Ta system

which reproduced results that were in agreement with the experimental data and first-

principles calculations. The simulations employed parallel MC code ParaGrandMC [132]

for generating varying compositions of Cu-Ta alloys using the composition-controlled MC

algorithm [91, 108]. This algorithm brings the system to thermodynamic equilibrium at a

given temperature and average chemical composition under zero-stress conditions. The trial

moves of the MC process include small random displacements of randomly selected atoms

in a random direction and a random re-assignment of the chemical species of the atoms to

either Cu or Ta. MD simulations were performed using the Large-scale Atomic/Molecular

Massively Parallel Simulator (LAMMPS) [107] code.

A polycrystalline copper sample composed of 32 grains with a mean grain size of 12.6

nm was constructed using the Voronoi tesselation method. The sample contained about

5.4 million atoms with an approximate dimension of 40 nm×40 nm×40 nm and periodic

boundary conditions in all three dimensions. The GBs structures were optimized by a

procedure described elsewhere [32,38,94]. In the MC simulations, Ta atoms precipitated in

the form of nanoclusters predominantly at GBs and triple junctions (TJs).

To investigate tensile creep response, MD simulations were performed applying constant

stress along one cartesian direction with zero pressure in lateral directions. The sample was

subject to different uniaxial stresses ranging from 100 Mpa to 300 MPa in the temperatures

range 850 K to 1100 K. Snapshots of the simulation block were saved at regular interval

of time and were observed using visualization software OVITO [110]. The atoms in the

grain were identified and tracked through the parallel MPI code written for evaluating

the orientation matrix. The orientation matrix was determined through the orientation

of the unit cell structure of a sample coordinate system, which can be calculated with
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the alignment of direction vectors of its neighboring atoms [103]. Four different chemical

compositions ranging from pure Cu to Cu-4at.%Ta alloy were tested in order to understand

the creep deformation mechanisms.

8.3 Results

8.3.1 Creep behavior

Figure 8.1 shows strain evolution with time for the polycrystalline Cu-4at.%Ta alloy under

isothermal (T=1100 K) and isobaric (σxx=300 MPa) creep deformation. All curves consist

of a short primary creep regime characterized by a decrease in deformation rate with time

and a secondary creep regime defined by a steady-state deformation rate. The deformation

Figure 8.1: Tensile creep curves of Cu-4at.%Ta alloy. Creep strain versus time curves for
(a) isothermal (1100 K) and (c) isobaric (300 MPa) creep deformation. Deformation rate
versus time curves for (b) isothermal and (d) isobaric creep deformation.

85



rate is indicated by the change in slope on strain-time curves. These curves shows only the

first two stages of creep deformation as the simulations were focussed only on understand-

ing the primary and the secondary creep behavior. As expected, the rate of deformation

increased with temperature and applied stress.

Table 8.1: Yield stress (YS) as a function of temperature calculated with tensile elongation

of strain rate 1×107s−1 in Cu-4at.%Ta alloy

Temperature Homologous Yield stress Applied stress
(K) temperature (MPa)

850 0.64 858.09 0.35YS (300 MPa)
900 0.68 788.46 0.38YS (300 MPa)
950 0.72 639.25 0.47YS (300 MPa)
1000 0.75 554.68 0.54YS (300 MPa)
1050 0.79 440.10 0.68YS (300 MPa)
1075 0.81 375.66 0.80YS (300 MPa)
1100 0.83 337.53 0.30-0.89YS (100-300 MPa)

Table 8.1 shows the simulation temperatures and the applied stresses in terms of ho-

mologous temperature and yield stress, respectively. The yield stress was calculated with

the tensile elongation of strain rate 1×107 s−1. The observed steady creep deformation

rates at (0.64Tm,0.35YS), (0.83Tm,0.3YS) and (0.83Tm,0.89YS) were 3.86±7.31×103 s−1,

7.86±9.91×103 s−1 and 5.70±0.43×105 s−1, respectively. Although these values are much

higher than experimentally observed creep deformation rate 10−6 s−1 across Cu-10at.%Ta

alloy [39], the simulated strain-time curves for Cu-4at.%Ta alloy look qualitatively similar

without strain hardening and sustains thermal and mechanical stability.

As the deformation rate ε̇ follows a power-law relationship with stress σ, which may be

expressed as ε̇ ∝ σn, the stress exponent n=∂(lnε̇)/∂(lnσ) was computed from the slope of

the lnσ vs. lnε̇ plot at 1100 K (Fig. 8.2a). The value of n was obtained as 3.78±0.44. In

pure metals, the stress exponent is an important parameter as its value indicates whether

the creep mechanism is governed by diffusion (n<1) or dislocation (n∼3-8). For pure Cu, it

has been shown through MD simulations that the value of n changes with different applied
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Figure 8.2: (a) Log-log plot of steady-state deformation rate versus applied stress at 1100

K. (b) Arrhenius plot of steady-state deformation rate versus 104/T for 300 MPa.

stresses and the magnitudes are n ≈ 1 for 50 to 250 MPa, 1<n<2 for 250 to 850 MPa, and

n > 4 MPa above 800 MPa [153]. These values were reported for 960 K with a grain size of

about 10.8 nm, which is pretty similar to the grain size used in this simulation. Thus, the

simulations reveal a higher value of n for Cu-Ta alloys compared to pure Cu for the same

magnitude of stress.

Figure 8.2b shows an Arrhenius plot of the steady-state deformation rate observed at

various temperatures. The computed activation energy was 1.48±0.21 ev. To have a further

insight into the activation energy, the primary creep curves of isobaric deformation were best

fitted with the Andrade’s equation of the form ε̇=βtm. Andrade reported m=1/3 for the

creep deformation of soft metals at constant temperature and stress. In our case, the results

for m varies between 0.29 to 0.56 with 300 MPa, as shown in Fig. 8.3. At low temperatures

850 to 950 K, m is close to 1/3 but varies significantly at higher temperatures reaching

0.57 at 1100 K. It has been reported in literature that m could exhibit large scattering with

a value ranging between 0.25 to 0.45 [154]. Thus, the scattering in the observed values

of m is recognizable. Further, assuming the Arrhenius behavior on β=β0exp(-U/kT), the

activation energy U for the primary creep regime was calculated, as shown in Fig. 8.3,

and the corresponding activation energy was 0.53±0.05 ev. Andrade’s law predicts the

87



activation energy of the primary creep regime as 1/3 of the activation energy of steady-

state. In our case, the value was obtained as 0.36. This correlation between two activation

energy calculated from two different regimes lends additional confidence to the simulation

methodology used in this work.

Figure 8.3: (a) Time exponent as a function of temperature. (b) Arrhenius plot of Andrade’s

coefficient versus 104/T for 300 MPa.

8.3.2 Mircrostructural evolution

Atomistic simulations were run using MC and MD simulations for four different chemical

compositions, ranging from NC pure Cu to NC Cu with 0.5at.%, 2at.% and 4at.% Ta

respectively, in order to understand the creep deformation mechanisms. In Cu-Ta alloys,

Ta atoms were found to segregate into nanoclusters in the GBs, triple junctions (TJs),

as well as in the lattice similar to that observed from as-received TEM characterization.

Figure 8.4 shows the microstructural evolution of pure Cu under creep loading for 14 ns

with applied stress of 300 MPa at 1100 K. Pure Cu displayed significant grain growth and

grain rotation along with twinning, dislocation emission, and propagation. The rate of

deformation decreased rapidly in pure Cu with the onset of grain growth and shrinkage.

As the Ta concentration was increased, Ta clusters segregated along the boundary, and
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Figure 8.4: Creep deformation of pure Cu with 300 MPa at 1100 K. Initial (a) and (b) final
(after 14 ns) microstructure shows rapid grain growth with dislocation slip, rotation, twin-
ning, and grain shrinkage. FCC and HCP atoms are colored in green and red, respectively.

Figure 8.5: Projections of (a) Cu-0.5at.%Ta and (b) Cu-2.0at.%Ta alloys after 28 ns and
40 ns respectively with 300 MPa at 1100 K. The smearing of mutually perpendicular lines
in the interior of the grain indicates the GB migration causing grain growth. The broken
and shifted line segments indicates GB sliding. The tensile axis is horizontal. FCC, HCP,
and Ta atoms are colored in green, red, and yellow color respectively.
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the GB migration rate was reduced. Furthermore, the GB sliding became prominent. How-

ever, Cu-Ta alloys with compositions up to 2at.%Ta displayed grain growth, grain rotation

and sliding, twinning, dislocation emission, and propagation. Figure 8.5 shows the two-

dimensional slices of Cu-0.5%Ta and Cu-2.0%Ta alloys after 28 ns and 40 ns, respectively.

Some grains that can be observed at 2at.%Ta alloy are completely lost in 0.5at.%Ta alloy.

The smearing of mutually perpendicular lines in the interior of the grain indicates the GB

migration causing grain growth. In addition, the broken and shifted line segments intersect-

ing with the GBs is a signature of GB sliding. These lines were created by coloring groups

of atoms in the initial simulation block and were tracked during the simulations.

When Ta concentration was 4at.%, Cu-Ta alloy displayed outstanding microstructural

stability (Fig. 8.6). In this case, the GB migration was found to be impeded and thus

resulting in preservation of the total number of grains within the simulation block. Instead,

the simulation block was elongated along the tensile direction and compressed laterally.

Figure 8.6: Creep deformation of Cu-4at.% alloy with 300 MPa at 1100 K. (a) Initial and
(b) after 200 ns. FCC, HCP atoms, and Ta clusters are colored in green, red, and yellow
color respectively.

Fig. 8.7 displays the evolution of the network of mutually perpendicular lines in Cu-

4.0%Ta alloy after 200 ns. Comparing the initial and final snapshots, one can find that the
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Figure 8.7: Projection of Cu-4at.%Ta alloy. (a) Initial and (b) final after tensile creep defor-
mation with 300 MPa at 1100 K. The tensile creep direction is horizontal. The horizontal
(purple) and vertical (pink) stripes represent two sets of mutually perpendicular marker
lines. The broken line segments indicates GBs sliding and dispersion along the GBs implies
diffusion. FCC, HCP, and Ta atoms are colored in green, red, and yellow color respectively.

lines intersecting with the GBs are segmented; a signature of GB sliding and the portion of

lines lying along the GBs are dispersed; a signature of GB diffusion. However, there is no

scattering of lines in the grain interior, as observed in the lower compositions indicating an

absence of GB migration. We did not observe considerable dislocation activity within the

simulation time, although some twin planes having tiny dimensions were formed near the

GBs. Some partial dislocations emitted from the GBs could not extend further inside the

grain and lost absorbing back into the GBs. The interior Ta clusters were also observed

to hinder such extension. The slip vector analysis inferred the maximum activity of atoms

lying only along the GB regions. Figure 8.8 shows the slip vector analysis of the snapshots

after 200 ns with 300 MPa at 900 K and 1100 K, respectively. Had there been a dislocation

slip, a line passing through the grain interior would have been observed, but such lines were

not discernible. This implies GB diffusion as the major mechanism of creep deformation in

Cu-4.0%Ta alloy.

If the creep deformation is indeed controlled by GB diffusion, atoms should diffuse from

the boundaries lying parallel to the tensile direction to normal boundaries for the elongation
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Figure 8.8: Slip vector analysis of Cu-4at.%Ta alloy after tensile creep deformation with
300 MPa at (a) 900 K and (b) 1100 K.

Figure 8.9: Two-dimensional slices of three-dimensional Cu-4at.%Ta alloy (a) before and
(b) after tensile creep deformation with 300 MPa at 1100 K. Interior grain atoms are colored
orange in both images. Addition of new layers through diffusion mechanism along tensile
direction are indicated by cyan arrows. FCC, HCP, and Ta atoms are colored in green, red,
and yellow color respectively.

of the block. This is because an applied uniaxial tensile stress creates high hydrostatic stress

at normal GBs and then generates excess vacancies, which diffuses to parallel boundaries.

92



As such, new layers of FCC atoms should be added in the grain along the tensile direction,

and lateral directions should constrict retaining old atoms intact with the boundary. This

was indeed observed when the grain atoms from the initial snapshot were tracked during

the simulation. Figure 8.9 shows two-dimensional slices of the three-dimensional simulation

structure before and after creep testing with 300 MPa at 1100 K for 200 ns. The atoms in

the grain interior were colored orange for visualization purposes. In the post- deformation

slice, Fig 8.9b, new layers of FCC atoms are added along the tensile direction as indicated

by cyan arrows.
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Figure 8.10: Clusters size distribution during creep deformation with 100 Mpa at 1100 K.
The size distribution includes all clusters lying in the GBs as well as in the lattice.

While analyzing the atoms diffused along the GBs, Cu atoms were observed to diffuse

significantly along the GBs. However, the slow diffusion rate of Ta did not allow Ta atoms

in the nanoclusters to diffuse along the GBs. Instead, neighboring Ta clusters lying along

the GBs were coarsened together to form larger Ta clusters with the GB diffusion of Cu

atoms. This phenomena shifted the size distribution of Ta clusters towards the larger size,

as shown in Fig. 8.10. The coarsening process was very rapid in the primary regime of creep

deformation and became slower in the secondary regime of creep deformation. Although
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the coarsening process merges Ta clusters into larger clusters, the size of clusters remained

below one nanometer.

8.4 Conclusion

Atomistic simulations confirmed that Cu-4at.%Ta alloy exhibits steady-state creep behavior

without strain hardening and sustains thermal and mechanical stability. The creep exponent

was computed as 3.78±0.44. This value indicates the dislocation based creep mechanism in

pure nanomaterials. However, the case here was different, as this is an alloy. We did not

observe considerable dislocation activity within the simulation time, although some twin

planes having tiny dimensions were formed near the GBs. The Ta clusters suppressed the

operation of dislocation sources inside the grains and GB activities, such as GB sliding

and grain rotation. Indeed, the creep mechanism was governed by GB diffusion. With the

GB diffusion of Cu atoms, new layers of atoms were added in the grain along the tensile

direction, while dissolving atomic layers in the lateral directions. During the process of

Cu diffusion, Ta clusters lying along the GBs were coarsened together to form larger Ta

clusters. Thus, the prediction of the creep mechanism on the basis of stress exponent in

pure nanomaterials misses in Cu-Ta alloys and may require revision for the case of alloys.
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Chapter 9: Summary

Using atomistic simulations, we have systematically studied the interaction of Ta clusters

with individual GBs to have a better understanding of the mechanism of thermal stability

of Cu-Ta alloys. With the stress-driven and capillary driven GB motions, we have observed

that the retardation of GB motion by Ta clusters is consistent with the Zener pinning model

both qualitatively and quantitatively. Thus, Zener pinning is the primary mechanism of

the extraordinary stability of nanocrystalline Cu-Ta alloys. Moreover, the effect of solute

drags at GBs in a random or nonequilibrium solution is not as strong as cluster pinning.

However, a moving GB in the random solution precipitates a set of Ta clusters due to short

circuit diffusion of Ta along the GB core. The GB redistributes diffused Ta atoms in its

core in a non-uniform manner causing the formation of tiny clusters. These clusters pin the

GB until the stress builds up, reaching the unpinning value. As the GB unpins, it moves

ahead and again creates a new set of clusters that pin the boundary in the new position.

Thus, the GB motion in the metastable solid solution exhibits a dynamic instability with

alternating periods of GB arrest and motion.

The atomistic simulations confirmed that small Ta clusters have FCC structure pre-

dominantly and remain at least partially coherent with the Cu matrix. As the cluster size

increases, it becomes incoherent and emits misfit dislocations in the matrix. Also, the lat-

tice misfit between the Ta clusters and the matrix tends to decrease at higher temperatures,

promoting better coherency.

The MC and MD simulations have demonstrated redistributions of Cu and Ta atoms and

coarsening of neighboring Ta atoms in an amorphous solution as the main mechanism for

the formation of single/double core-shell nanostructures. When Cu atoms diffuse within the

amorphous region or into the matrix, Ta atoms tend to aggregate and form small isolated

clusters. During the coarsening process, Cu atoms are also trapped within the Ta clusters
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forming a core-shell structure that reduce the energy.

Cu-4at.%Ta alloy exhibited smaller strain rate sensitivity even at a higher temperature

where the Cu polycrystal demonstrated rapid grain growth. The mechanisms driving this

unexpected trend are related to the interactions of GBs with Ta nanoclusters leading to a

reduction or elimination of grain boundary sliding and rotation. We observed that creep

in Cu-Ta alloy is governed by atomic diffusion with the stress exponent 3.78±0.44. While

this value indicates dislocation based creep mechanism in pure nanomaterials, the case is

different in Cu-4at.%Ta alloy where Ta clusters suppressed the operation of dislocation

sources inside the grains and GB activities, such as GB sliding and grain rotation. With

the GB diffusion of Cu atoms, new layers of atoms were added in the grain along the tensile

direction, while dissolving atomic layers in the lateral directions. During the process of

Cu diffusion, Ta clusters lying along the GBs were coarsened together to form larger Ta

clusters.
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